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Abstract

In a recent paper it was proposed that the strengthening of 5 vol% SiC Al2O3±SiC nanocomposite after grinding and annealing is

attributable to ¯aw healing, in parallel with an oxidation reaction, which lead to a reduction in the density and size of ¯aws on
annealing. Other authors have also favoured the ¯aw healing mechanism. However, the possibility that a mechanism based on
dislocation activities might be mostly responsible has never been fully investigated. In this report the two mechanisms are investi-

gated and it is demonstrated that the latter is more consistent with experimental observations. Possible sources of the ambiguity met
in some of the explanations of the mechanisms behind the strengthening phenomenon are also identi®ed. # 2000 Elsevier Science
Ltd and Techna S.r.l. All rights reserved.
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1. Introduction

Various reasons have been advanced to explain the
observed higher ¯exural strength of 5 vol% Al2O3±SiC
nanocomposite relative to monolithic alumina, particu-
larly in the annealed state. Flaw healing mechanism was
proposed by Wu et al. [1]. Zhao et al. [2] also favoured
this mechanism, together with that based on compres-
sive residual stress. However, Chou et al. [3] found that
both the nanocomposite and alumina showed similar
quantitative response to machining, and, therefore,
concluded that the earlier proposed [2] residual stress
mechanism is neither con®rmed nor disputed. But it was
implied [2] that stress relief during annealing (by bulk
and grain boundary di�usion) facilitates surface ¯aw
healing.
Dislocation activities have also been suggested [4] as

another mechanism through which the strengthening
occurs. Although dislocations are rarely present in alu-
mina, it has been demonstrated that under certain stress

state they are generated in the monolith [5,6] and abun-
dantly in Al2O3±SiC(P) nanocomposites [4,6±8].
Strengthening of metallic alloys through dislocation±
dislocation and/or dislocation±particle interactions is
well known. In comparison with metals, modern engi-
neering ceramic materials do not yield much before
failure. However, since some plastic yielding (disloca-
tion generation) is observed during their deformation,
any factor that constrains the limited yielding that takes
place is most likely to raise their strength. Thus, the
presence of dislocations, and their role in the alumina
system, particularly in the annealed state where the
conditions during annealing promote dislocation activ-
ities are worth investigating. Studies on the strengthen-
ing of the nanocomposites following annealing [1,2]
never considered the possible role of dislocations in the
phenomenon.
The potential of nanocomposite technology can only

be fully utilised if the phenomena observed in the mat-
erial are unambiguously explained and understood. The
ambiguity, particularly in the annealed samples, derives
from two possible sources. First, if the annealing studies
use surface features to arrive at their conclusions, the
samples being studied may be so degraded that they
may no longer represent the original material for which
the study is aimed at. Second, authors may be biased to
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impose an assumed principle, rather than exploring to
®nd out the actual one behind the experimental obser-
vations. This report focuses on the ¯aw-healing and dis-
location-based mechanisms for the strengthening and
toughening phenomena experimentally observed in the
material, and in relation to alumina. It also discusses the
above mentioned sources through which erroneous repre-
sentations of experimental observations could take place.

2. Experimental results

The results were obtained [6,9±11] on pressureless
sintered materials, of which the 5 vol% SiC nano-
composite and the monolithic alumina discussed here
sintered [11] to 5 99.8% of their theoretical density
(TD). It is important that for an objective comparison
of the properties of these materials that their grain sizes
and degree of densi®cation are identical. The latter is
particularly important for studies on surface properties,
which depend on the elastic constants. For instance, the
nanocomposite sintered to 98.2% TD was found [10] to
have a value of Young's modulus (E) 4% less than that
which sintered to 99.8% TD. It was also necessary to
get rid of the reaction layer before the elastic constants
were determined; otherwise the determinations no
longer truly represent those of the material under study.
Examination [6] of the surfaces in plan (polished

samples) and cross-section (fracture surfaces) under the
scanning electron microscope (SEM) revealed maximum
¯aw sizes of about 3.8 � 0.5 mm for alumina and 3.5 �
0.5 mm for the nanocomposite. Hertzian indentation
study of the two (polished samples) also revealed very
similar sizes of about 5.2 mm for alumina and 4.5 mm for
the nanocomposite. In ground state (14-mm diamond)
the maximum ¯aw size for alumina is about 13 mm and
8 mm for the nanocomposite (Fig. 1). From this ®gure it
is evident that by summing up the densities of each of
the plotted small ¯aws (45 mm) the overall density of
¯aws (within this range) for the nanocomposite is only
about double that in alumina. In Fig. 2 is a comparison
of polished and ground samples of the nanocomposite.
All the ¯aws in the polished state are in the small range
(45 mm), and by a similar computation as above, their
overall density in the polished state is more than 4 times
that in the ground state.
Investigations [11] under the transmission electron

microscope (TEM) revealed that in the nanocomposite
there are sub-micron radial ¯aws, some as small as 150
nm. These sub-micron cracks develop from the thermal
expansion coe�cient mismatch between alumina and
the SiC particles, which creates thermal stresses on
cooling the samples (after sintering) from a certain
temperature. The thermal stresses, in parallel with the
creation of these radial sub-micron cracks, also lead to a
generation of dislocations [6] (Fig. 3a), with a structure

di�erent from that obtained on deforming the material
(Fig. 3b).

3. Discussion

3.1. Toughness of alumina and 5 vol% SiC nanocomposite

Zhao et al. [2] argued that the toughening observed in
the nanocomposite is derived exclusively from com-
pressive stresses, hence the suggestion that the addition
of SiC particles does not a�ect the intrinsic material

Fig. 1. Crack (¯aw) density vs crack size for ground (14-mm diamond)

for alumina and the nanocomposite. Note that the density of small ¯aws

(4 5 mm) in the nanocomposite is only about double that in alumina.

Fig. 2. Crack density vs crack size for polished and ground nano-

composite. Note that the density of small ¯aws (4 5 mm) in the

polished state is more than four-fold of that in the ground state.
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toughness. However, Chou et al. [3] demonstrated that a
similar magnitude of compressive stress is induced in
alumina and the nanocomposite. So the higher tough-
ening observed in the work of Zhao et al. [2] for hot-
pressed nanocomposite is, after all, due to a combina-
tion of microstructural features induced by the addition
of SiC particles Ð an e�ect that is intrinsic to the nature
of the nanocomposite. Details of the various ways
through which microstructural features combine to
strengthen and toughen simultaneously can be found in
other papers [6,11]. A typical example of toughening
through crack bridging by particles is shown [11] in Fig.
4 Ð a bridge of only about 200 nm. Many such bridges
along a crack path would dissipate its propagating
energy. Note also the secondary crack on the particle
(P), `sc', which also would contribute to the dissipation.
Intrinsic toughness K1c(HERTZ) of a material under a

test is expressed [1,9] as a function of the minimum
Hertzian indentation-cracking load, Pmin, the elastic

properties, E* and C (a constant that depends on Pois-
son's ratio, �), and the radius of the blunt ball indenter,
R, according to the equation:

K1c�HERTZ�� �
���������������
E�Pmin

CR

r
�1�

and E* is de®ned [12] as:

E� � E

2�1ÿ �2� �2�

Eq. (2) holds only when the indenter and substrate
materials are elastically similar. From Eq. (1) it is evi-
dent that the intrinsic toughness of a material will
change with any modi®cation to its elastic constants, as
well as Pmin.
It is worth de®ning the relationship between

KIc(HERTZ) and K1c. The former may determine only at
what load a crack is initiated from an existing ¯aw.
Beyond this stage the K1c determines to what extent the
initiated crack would grow before the material fails. In
other words, the critical stress intensity factor for K1c is
much higher than that for K1c(HERTZ). Thus K1c is made
up of the two components; the intrinsic, K1c(HERTZ), and
another accruing from the interaction of the growing
crack with internal microstructural and fractographic
features in the material.WhereasK1c(HERTZ) is determined
using the elastic constants obtained on the surface of the
material, K1c is a bulk material property, and, therefore,
is of more practical relevance. Porosity can a�ect both
K1c(HERTZ) and K1c. The e�ect on the former is mostly
through the elastic constants. Providing porosity is about
the same for both alumina and the nanocomposite the
latter has always been shown [2,4,13,14] to be of a
higher K1c value.

Fig. 4. A typical particle (P) bridging of a primary crack propagating

in 5 vol% SiC alumina/SiC nanocomposite. Note the secondary crack,

``sc'', on a SiC particle. Note also the ``new'' dislocations as in Fig. 3b.

Fig. 3. Dislocation networks in 5 vol% SiC alumina/SiC nano-

composite: (a) sintered sample; (b) sintered and deformed by Vickers

microindentation. Note the di�erence in structure.
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Wu et al. [1] suggested that the intrinsic toughness of
alumina and the nanocomposite are very similar, and
cited some other reports [2,13,15±17] in support of this.
However, in the reports [13,16,17] the topic of intrinsic
toughness was not studied at all, and the nanocomposite
was observed to show a higher value of K1c by up to
6%. Although Zhao et al. [2] had argued that the addi-
tion of SiC particles did not a�ect the intrinsic tough-
ness of the nanocomposite, their work does not in any
way suggest that its value is similar to that of alumina.
This is particularly so for the hot-pressed materials Ð
similar to the state of the samples used by Wu et al.
[1] Ð where the TD, which could a�ect toughness, is the
same for both materials. The argument that in stable
brittle composite materials the intrinsic toughness could
be that of the predominant matrix might be used to
justify the suggestion by Wu et al. [1] that the intrinsic
toughness of alumina and the nanocomposite to be
similar. However, intrinsic toughness, as de®ned in the
present and other [1,9] reports is a�ected by the mod-
i®cation of elastic constants [Eqs. (1) and (2)]. There-
fore, so long as the added secondary phase induces this
modi®cation, as has been demonstrated [9], the intrinsic
toughness of the two is most unlikely to be similar. The
few [9,15] available reports on the Hertzian indentation
study of Al2O3±SiC nanocomposite clearly demonstrate
that K1c(HERTZ) of the nanocomposite is higher than
that of alumina. In both studies K1c(HERTZ) values for 5
vol% SiC nanocomposite were found to be greater than
that of alumina by 3±20%, depending on the type of
SiC used [15] and about [9] 28%.

3.1.1. Assessment of minimum Hertzian indentation
cracking load, Pmin and its relationship with intrinsic
toughness (K1c(HERTZ))

Pmin is associated [1] with the residual stress on the
surface of the material under Hertzian indentation, and
its lowest value is obtained on a surface that is devoid of
residual stress. This condition is best met in polished
and annealed samples. During annealing residual stress
is relieved [1,3] at a faster rate in alumina in comparison

with the nanocomposite. However, in their [1] work, for
the ground-annealed specimens, Pmin was not deter-
mined for alumina due to its poor surface, but they
found it to decrease from about 1400 to 500 N for the
nanocomposite. So they concluded that the intrinsic
toughness of alumina and the nanocomposite are very
similar, even though they did not measure Pmin for
ground-annealed alumina. Depending on the severity of
the grinding process, some residual stress (that deter-
mines Pmin) is still retained in alumina after annealing,
though to a lesser extent than in the composite [3].
The conclusion that the intrinsic toughness of alu-

mina and the nanocomposite are very similar [1] is over
simplistic. First, because residual stress on which Pmin

(that partly determines the intrinsic toughness) depends
also diminishes in alumina, and therefore, in the same
annealed state (as the nanocomposite) its Pmin should be
lower than that in ground state. By how much lower is
the question that should have been answered, had they
measured it. Second, from Eq. (1) it can be seen that
intrinsic toughness, K1c(HERTZ) depends on three vari-
ables and the radius of the ball indenter, R. For
instance, a mere increase of Poisson's ratio from 0.24 to
0.25 increases [12] the constant, C, from 2790 to 3131 Ð
an increase of 12.2%. The next logical question would
be which of the two variables, E and Pmin a�ects the
intrinsic toughness more. In Table 1 is shown the e�ect
of changes in these two variables on intrinsic toughness.
In this table the ®rst row is an experimental result [9],
while the second is a hypothetical extrapolation from
the ®rst. It can be seen that whereas about 5% change in
toughness is achieved by a 10% change in Pmin, only
about 2% change in E is required. Since E of the nano-
composite is always higher than that of alumina [1,9],
and with such a strong dependence of intrinsic tough-
ness on E, the value of the former is most likely to be
higher in nanocomposite than in alumina. Further, since
the more controlling factor Ð change in elastic
constants Ð is present, the contribution of Pmin to
intrinsic toughness becomes secondary. However, a
change in elastic properties (as was present in the work

Table 1

E�ect of a change in Young's modulus, E, and minimum Hertzian cracking load, Pmin on intrinsic toughness, K1c�HERTZ� of 5 vol% SiC alumina/SiC

nanocomposite

E (GPa) Pmin (N)

Surface ®nish

K1c�HERTZ�
(MPa m1/2)

�E (%) �Pmin (%)a �K1c�HERTZ� (%)

Polished Groundb Polished Ground

399.5�4c 465�11 511�14 3.56�0.1 3.73�0.1 0 9.9 4.8

407.5d 465 511 3.59 3.77 2 9.9 5

a Relative to the value for the polished sample.
b 14-mm diamond.
c Experimental result (Ref. [9]).
d Calculated for an increase of 2% in E, with Pmin kept constant.
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of Wu et al. [1]) will automatically a�ect the whole
components of Eq. (1) (apart from R). Therefore, a
relationship between the intrinsic toughness of the
material and only a minor component such as Pmin is
unreliable.

3.1.2. Chemical integrity of the annealed surface

Wu et al. [1] indicated that the surface sti�ness of the
nanocomposite after annealing changed due to the for-
mation of amorphous mullite of a lower elastic modulus
(more on the possibility of formation of mullite in Sec-
tion 3.2.1). Although they did not indicate to what
thickness this layer was formed, it is clear that the
annealed surface of the material they studied is at the
best that of a composite of the formed layer/nano-
composite, and at the worst that of just the layer. Even
if no layer was formed, that is the SiC particles on the
surface simply oxidised, again the same problem of the
surface under study no longer being typically that of the
nanocomposite remains. However, the elastic properties
associated with Pmin (implicitly the intrinsic toughness,
according to Wu et al. [1]) should be for the surface of
the material under study.

3.2. Strengthening mechanisms

Standard fracture mechanics of a brittle material [Eq.
(3)] suggests that for a given critical ¯aw size an increase
in fracture toughness as argued in this work, and shown
in other reports [2,4] to obtain in the nanocomposites, is
responsible for the increase in strength.

�f � K1c

Y�C�1=2 �3�

where �f is the fracture stress and K1c is the fracture
toughness of the material. Y is a constant [6] and C is
the critical ¯aw size.
However, with modern engineering ceramics this sug-

gestion is hardly experimentally observed; for instance,
it has been demonstrated [2] that though the strength of
annealed 5 vol% SiC nanocomposite increased, its
fracture toughness was reduced.

3.2.1. Flaw healing mechanism

3.2.1.1. Blunting of strength-limiting surface flaws by
oxide layers. Nature of the layers. This section discusses
the ambiguity derivable from assuming that a popular
principle applies in an experiment, without observing
that the features that support the principle are present.
Eq. (3) suggests that for a given value of fracture

toughness reducing the critical surface ¯aw size would
increase strength. On this basis surface treatments
aimed at blunting strength-limiting surface ¯aws have
been carried out. One such example by Kim et al. [18]
involves the formation of oxide (mullite) surface layers

on alumina. Using a bed of SiC platelets as a constant
supply source, Kim et al. [18] produced at 1400�C some
SiO2 ``smoke'', which in turn reacted with alumina to
form mullite on its surface according to the equation:

3Al2O3�s� � 2SiO2�s� ) 3Al2O3:2SiO2�s� �4�

They con®rmed the formation of mullite by X-ray
Di�raction (XRD) patterns. Wu et al. [1] used the result
of Kim et al. [18] to support their suggestion of forming
mullite according to the equation:

2SiO�g� � 3Al2O3�s� �O2�g� ) 3Al2O3:2SiO2�s� �5�

But the two situations are not the same. In Eq. (4) the
source of SiC from which the SiO2 ``smoke'' is formed is
plentiful Ð a separate bed of loose SiC platelets, with a
continuous supply of humid H2 gas. However, in the case
of Eq. (5) the SiC particles are boundwithmatrix alumina.
Analytically, Wu et al. [1] indicated that X-ray analy-

sis of the amorphous mullite con®rmed the presence of
Si. X-ray di�raction method neither shows the elements
in a phase nor peaks (from which a phase could be
identi®ed) for amorphous phases. By what ever means
they observed Si, its source could be from SiC and/or
secondary silica-rich phases of the nanocomposite.
Balancing a chemical equation does not necessarily

mean that the reaction so favoured occurs. The ther-
modynamic criterion [19] also has to be met. Hence for
a reaction to occur,

LogK � �viLogKf �i� �6�

where K is the reaction constant, v is the molar volume
of specie, ``i'', which is considered to be negative for
reactants and positive for products. Kf is the equilibrium
constant of pure specie, ``i''. The reaction also has to
satisfy the Gibbs energy requirement:

ÿLnKRT � �GF�T � �7�

where �GF(T ) is the sum of the individual standard
Gibbs energy of pure species, ``i'' at the absolute reac-
tion temperature, T (respecting the signs for reactants
and products). R is gas constant, which is 8.31441
JKÿ1molÿ1. Thermodynamic data [19] of reactions
proposed by Eqs. (4) [18] (at 1673 K) and (5) [1] (at 1523
K), and at temperatures as close as possible to those
where equilibrium could be attained (1680 K for Eq. (4)
and 1500 K for Eq. (5)) were obtained (Table 2). Using
the data the values of the reaction constant, K in Eq. (6)
for each of the reactions proposed at the temperatures
used by the authors [1,18] and those at which equili-
brium could be attained, are calculated. The left and
right members of Eq. (7) can also be calculated with the
thermodynamic data. These are shown in Table 3.
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From Table 3 it is evident that equilibrium can be
attained for the system proposed by Kim et al. [18] at
1680 K Ð a temperature well within an acceptable
range of ¯uctuation for a furnace set to attain 1673 K.
On the other hand, the reaction proposed by Wu et al.
[1] never attains equilibrium. This indicates that the
reaction proposed by them is not possible under the
conditions they stated.
With a su�cient partial pressure of SiO Kim et al. [18]

observed mullite by XRD in a sample heated just for 1
h. But when a 5 vol% SiC alumina/SiC nanocomposite
was thermally etched [10] for 1.5 h at 1400�C in argon,
though the SiC particles on the surface of the sample
were oxidised, no mullite was detected by XRD and
EDAX analyses on the sample. This is because the oxi-
dation of the surface particles is not enough to generate
the necessary partial pressure of SiO required to form
mullite. Once the SiC particles on the surface have been
oxidised the alumina matrix protects those below. A
similar suggestion was alsomade [20] about the protection
of SiC whiskers in alumina/SiC composite.

3.2.1.2. Density of healable flaws. Wu et al. [1] favoured
a ¯aw-healing mechanism based on the principle that
relative to alumina, a greater density of more healable
small cracks are found on the nanocomposite surface.
Following this principle, if small cracks (of the same size
as found on the nanocomposite) are present on alumina
surface (albeit at a reduced density) (Fig. 1) some heal-
ing should also take place in the latter. This should lead
to a strengthening e�ect in alumina proportional to the
density of healable cracks in it, but on the contrary, a

reduction in strength is observed after alumina is
annealed (Table 4).
Wu et al. [1] explained the lack of response from alu-

mina on the basis of its cracks' depth being much larger
than the extent of any machining-induced compression.
Assuming this is the case, those cracks that are of the
same depth as those found in the nanocomposite should
lead to strengthening as they do in the latter, but they
do not. Similarly, in Fig. 2 it is evident that relative to a
ground, a polished nanocomposite has more than 4
times the density of small ¯aws. Yet it can be seen in
Table 4 that annealed (10 h) ground-polished nano-
composite (which should have more healable ¯aws) has
less strength than the ground one.
In unannealed condition, higher strengths are obtained

(for both alumina and the nanocomposite) in polished
samples, because they contain critical ¯aws of sizes
smaller than those found in the ground samples. As has
been highlighted [6], ¯aw size controls strengthening
phenomena only in the absence of other over-riding
mechanisms. The critical ¯aws of smaller sizes in the
annealed condition did not lead to an increase in strength
in both materials studied by Wu et al. [1]. For the nano-
composite, comparison is made for samples subjected to
the same duration (10 h) of treatment (Table 3). This
ensures that only the e�ect of ¯aw healing is considered. It
is evident that the ¯aw-healing mechanism does not satis-
factorily explain the phenomenon observed. Therefore,
there must be another mechanism that over-rides it.

3.2.2. Dislocation-based mechanism. Blunting of crack tip

A dislocation-based concept could explain why the
role of ¯aw-size is relegated as a strength-controlling
factor in annealed samples.
After sintering, alumina shows virtually no dislocation

network. However, the nanocomposite exhibits an appre-
ciable dislocation density (Fig. 3a [6]), generated from the
cooling stage of the sintering process. A TEM study of the
plastic zones formed by Vickers microindentation (using a
force of 2N, which poses a stress-state similar to that met
in machined samples) on alumina and the nanocompo-
site showed that, relative to the latter, alumina acquires
a dislocation network of a very low density.
In the nanocomposite, the creation of more disloca-

tions (from the microindentation) and the pre-existing
ones lead to a very high density of dislocations relative

Table 3

Satisfaction of Gibbs energy criterion [Eq. (7)] for the relative systems

(proposed in Refs. [1] and [18]) for forming mullite

K T (K) �GF T� � (Jmolÿ1) LnKRT Reference

6.21�1029 1500 ÿ855 585 855 564 [1]
1.03�1029 1523 ÿ844 901 845 923
6.607 1673 ÿ26 288 26 264 [18]
6.653 1680 ÿ26 472 26 471

Table 2

Thermodynamic data of substances at temperaturesa related to the

work in refs. 1 and 18

Substance Temperature (K) �Gfi (kJ molÿ1) Log Kf

a-Al2O3 1500 ÿ1196.322 41.660

1523 ÿ1188.796 40.815

1673 ÿ1139.782 35.625

1680 ÿ1137.498 35.398

Mullite 1500 ÿ4899.653 170.621

1523 ÿ4899.989 167.197

1673 ÿ4675.404 146.131

1680 ÿ4666.308 145.211

SiO2 1500 ÿ644.487 22.443

1523 ÿ640.59 21.993

1673 ÿ614.885 19.218

1680 ÿ613.671 19.097

SiO 1500 ÿ227.551 7.924

1523 ÿ229.350 7.869

1673 ÿ240.710 7.518

1680 ÿ241.222 7.502

a These temperatures are those used by the authors [1,18] and those

closest to where equilibrium could be attained (see text).
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to alumina. Thepre-existing dislocations (Fig. 3a), at room
temperature tests are immobile. However, possible reac-
tions between themselves and with the particles at the
annealing stage could contribute to strengthening at room
temperature. Reactions between dislocations are known
[21] to generate immobile dislocations, which usually are
barriers to other moving dislocations. The movement of
the newly created dislocations at the room temperature test
(Fig. 3b), is, therefore, restrained, and they blunt the crack
tips. These activities, together with other fractographic
features that develop within the nanocomposite sample at
room temperature deformations [6], contribute to an
increase in both strength and toughness. It was also
demonstrated [11] that the sub-micron cracks induced by
the particle addition blunt crack tips.
There might, therefore, be a threshold of dislocation

density above which dislocation activities of the sort
described above take hold. Below the threshold the
activities are virtually absent, and only a relaxation of
the stress that produced the few dislocations is achieved.
Support for this hypothesis can be found in the fact that
Fang et al. [7] observed that in annealed samples alu-
mina has dislocation-free sub-grains, while dislocation
entanglement remains in the nanocomposite. This ®nd-
ing might also explain the fact in Table 3 that annealed
alumina has strengths lower than that of the polished
unannealed samples.
Most of the reports on alumina/SiC nanocomposites

consider only 5 vol% SiC composition. However, it has
been demonstrated [4,16] that in terms of toughness the
optimal addition of SiC particles, without much reduc-
tion of strength, seems to be beyond 5 vol%. Composi-
tions with more than 5 vol% SiC particles have also
been shown [22] to have a remarkable wear resistance.
Since one of the main technical problems with alumina
is its relatively poor thermal shock resistance, future
work on this system could concentrate more on composi-
tions with more than 5 vol% SiC, with a view to tapping
the potential higher toughness. This will also o�er the
opportunity to investigate further the dislocation-based
mechanism proposed in this report.

Generally, discontinuities in a body lead to a non-
uniform stress distribution when an external load is
applied. Positions occupied by a secondary phase in a
composite could be viewed as discontinuities and,
therefore, are likely to produce a similar e�ect.
The stress is usually concentrated around the dis-

continuities, and the external load could be thermal
and/or mechanical. Very high values of stress con-
centration lead [6,11] to micro-crack formation and
dislocation generation. The magnitude of the stress
concentration depends on factors such as the relative
compliance and coe�cient of thermal expansion [CTE
(a)] of the materials forming the composite. Irrespective
of the source of the external load (mechanical and/or
thermal), the e�ect of the latter seems to yield far more
dislocations. This is because despite the small di�erence
between the elastic moduli of alumina and SiC (with a
ratio [10] of about 1:1.2), but a larger di�erence in CTE
(with a ratio [11,23] of about 1:2) the composite gen-
erates quite a relatively high density of dislocations.
However, a composite of alumina/TiN (with a ratio of
their moduli of about 1:1.5, and of CTE of about [23]
1:1.06) shows [8] a very low density of dislocations after
sintering, in comparison with that of alumina/SiC(P).
Therefore, it would seem that the di�erence in CTE
between the secondary phase and alumina should be
quite substantial to generate enough dislocations that
would contribute to the strengthening and toughening
of the composite. Another factor that would be worth
considering is the ratio of the interfacial (matrix/parti-
cle) energy to that of the grain boundary (matrix). This
has been argued [23] to a�ect interfacial fracture
energy, which in turn controls strengthening. A very high
interfacial energy could lead to the interface acting as dis-
location sources. This suggestion is supported by experi-
mental observations such as evident in Fig. 3a, where
dislocations can be seen moving away from the particles.
Higher contents of SiC particles would lead to more

areas with higher interfacial energy, and being subjected
to stress concentrations resulting from the di�erence in
CTE, both conditions leading to more dislocations to be
generated for a given area.

4. Conclusions

A hypothesis on dislocation-based mechanism that is
more consistent than that of ¯aw-healing is presented as
a more probable cause for the strengthening, and its
absence respectively in machined and annealed 5 vol%
alumina/SiC nanocomposite and alumina.
The intrinsic and overall fracture toughness of the

nanocomposite are higher than those of alumina. Sev-
eral works cited by Wu et al. [1] to support their sug-
gestion that the intrinsic toughness of alumina and the
nanocomposite are similar never engaged in such a study.

Table 4

Flexural bend strengths achieved [1] for alumina and 5 vol% SiC

nanocomposite, with di�erent surface conditions and treatments

Material Surface condition Treatment Strength (MPa)

Alumina Ground Unannealed 295�20

Ground+polished Unannealed 430�25

Ground Annealed, 2 h 280�15

Ground Annealed, 10 h 250�8

Nanocomposite Ground Unannealed 395�120

Ground+polished Unannealed 540�60

Ground Annealed, 2 h 615�65

Ground Annealed, 10 h 680�50

Ground+polished Annealed, 10 h 615�65
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It is analytically argued that the suggestion by Wu et
al. [1] about the formation of mullite on the surface of
annealed nanocomposite is inconsistent. It is also the
case that such a reactive system is not supported ther-
modynamically under the conditions their work was
carried out.
Explanations of the remarkable behaviour of alu-

mina/SiC nanocomposites consistent with experimental
observations require looking beyond standard (linear
elastic) fracture mechanics of brittle materials.
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