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Abstract

The short and long term mechanical properties of a sintered silicon carbide intended as a heat exchanger material have been
investigated. The short term strength shows an acceptable scatter characterised by a Weibull modulus of seven from room tem-
perature up to 1400°C. In the time-dependent regime failure occurs by subcritical crack growth from surface located inherent
defects at high stresses. Below a threshold stress oxidation blunting of these surface defects occurs and causes a transition from
subritical crack growth to diffusion creep as life-limiting mechanism. Unlike other ceramics, the threshold stress for subcritical
crack growth falls within the low probability range of fast fracture. Failure mechanism maps presenting the life-limiting mechan-
isms of the investigated sintered silicon carbide over a range of stresses and temperatures are presented. © 2000 Elsevier Science

Ltd and Techna S.r.I. All rights reserved.
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1. Introduction

Future improved coal-fired power stations must have
a minimal environmental impact, and operate at much
higher thermal efficiencies than the present systems.
They must have low emission of NO,, SO, and parti-
culates, and will have lower CO, emissions due to a
higher thermal efficiency of the overall power generation
cycle. Large efficiency improvements require a change to
gas turbines (Brayton cycle) instead of exclusive reliance
on steam turbines (Rankine cycle). In order to increase
the efficiency of the gas turbine, the turbine working
fluid should be at the highest possible temperature. To
avoid corrosion and erosion problems in turbine com-
ponents such as stators and rotors, the working fluid
must be clean and not contain coal ash, which can be
achieved by using air instead of combustion gas. This
approach requires the use of a ceramic heat exchanger
to separate the coal combustion product stream from
the turbine inlet air.

The leading materials for high temperature pres-
surised heat exchanger application are silicon carbide
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based ceramics due to their relatively low cost and
demonstrated fabrication technology relative to alter-
nate refractory materials. Much improvement in the
properties of these materials has been achieved to the
point that they are reaching a maturity as engineering
materials. Short term high temperature property data
for clean environments are available. However, the
amount of long term data for creep and subcritical
crack growth, the main lifetime governing mechanisms
at high temperatures, is limited. This paper presents the
results of an investigation into the long-term mechanical
behaviour of a commercially available sintered alpha-
silicon carbide at temperatures relevant for service as a
heat exchanger material in advanced gas turbine con-
taining coal-fired power plants.

2. Material and testing procedure

The material used in this investigation is a sintered
alpha-silicon carbide (Carborundum, USA). Some
properties as supplied by the manufacturer are listed in
Table 1. The material was received in the form of ready
made tensile and bend specimens which had been taken
out of a single batch of tubes and machined to the same
surface finish.
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Table 1
Material properties according to the manufacturer

<04% B
3 to 6 micrometer
Trace impurities

Sintering aid
Average grain size
Second phase content

Density 3.1 g/em?
Porosity Negligible
Elastic modulus at room temperature 410 GPa
Poisson ratio 0.14
Four-point bend strength at room temperature 379 MPa
Weibull modulus 7

Hardness 2800 (Knoop)

The flexural test specimens have been prepared and
tested according to the European standards EN 843-1
and EN 820-1 (strength testing resp. at room and elevated
temperatures) and EN 820-4 (flexural creep testing). In
the absence of a European standard for uniaxial
strength and creep testing of monolithic ceramics, the
ASTM standards C1273 (strength at room temperature)
and C1291 (creep at high temperature) have been fol-
lowed where possible and appropriate for uniaxial
strength and creep tests.

3. Strength properties

The short-term strength has been determined by flex-
ural tests in air at temperatures of 1250 and 1400°C.
The average flexural strengthd-one standard deviation is
shown as a function of temperature in Fig. 1, where
data from literature [1-4] also included. Comparison
with the literature data is only possible in qualitative
terms because the effective volumes in the test pieces
used in different literature studies may be different from
that in this investigation. Nevertheless, the data show
that the strength of sintered SiC only weakly depends
on temperature up to 1400°C. Within the statistical
scatter a constant Weibull modulus of 7 is observed for
the investigated material from room temperature up to
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Fig. 1. Temperature dependence of average flexural strength.

1400°C, indicating that the same flaw population is
limiting the strength at all temperatures.

4. Long term flexural properties

The long term high temperature properties have been
investigated by constant load tests in air at 1250 and
1400°C under flexural loading and at 1400°C under
uniaxial tensile loading. The strain evolution with time
in the flexure tests exhibits primary and extended sec-
ondary creep stages, indicating that the outer fibre stress
does not change with time and hence that a stationary
stress distribution is reached in the flexural constant
load tests. Tertiary creep has only been observed in one
test at 1250°C. In all cases the strain to failure is very
low, typically around 0.1%. After re-assembly none of
the failed test specimens exhibits a permanent deflec-
tion.

The rupture lives at 1250 and 1400°C are plotted ver-
sus the applied flexural stress in Fig. 2. A large scatter,
amounting to three orders of magnitude in life at a
given stress level is observed at both temperatures, and
the stress exponent for SCG determined from linear
regression analysis ranges from 22.6 at 1250°C to 13.7
at 1400°C. These high values indicate that subcritical
crack growth from inherent defects is the life-limiting
factor under constant load, and are at the same time
sufficiently low to take the time-dependence of strength
into account for design purposes. Also, at both tem-
peratures, the strength data can be fitted to the regres-
sion line of the constant load data. The same
observations can be made for the minimum strain rate
as a function of stress, although the scatter there
amounts to two orders of magnitude in strain rate.

At both temperatures the constant load data can be
represented with a very low scatter by the Monkman—
Grant relationship which links the minimum strain rate
to the rupture life. The Monkman—Grant exponent
equals approximately —1, indicating that the same
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Fig. 2. Rupture lives as a function of applied flexural stress.
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mechanism controls deformation and failure in the
investigated stress-temperature range. Contrary to the
stress dependencies of rupture time and minimum strain
rate, however, the data from the strength tests do not fit
the constant load regression line. When instead of the
minimum strain rate the ratio of failure strain to failure
time is used, the constant load and strength data at both
temperatures can be represented by the same regression
line and with very low scatter, as shown in Fig. 3. The
exponent in this so-called Dobes—Milicka plot equals
—1, indicating that failure of the material under all the
investigated conditions (short term monotonic and long
term constant load) is strain controlled. From the fit
regression line in Fig. 3 an average strain to failure of
(9.241.2) E-4 is obtained.

The large scatter in rupture time and the rather high
stress exponents, together with the low failure strains
and the fact that the scatter can be practically elimi-
nated by the Dobes—Milicka approach, all suggest that
failure under constant load conditions in the investi-
gated stress-temperature range is controlled by sub-
critical crack growth (SCG) from pre-existing defects.

Combining Weibull strength statistics with the sub-
critical crack growth law derived from the constant load
data allows to calculate the probability for a given life-
time at a given stress. This approach can be used to
quantify the expected scatter in lifetime. The result at
both temperatures is shown in Fig. 4 where the lines
corresponding to failure probabilities of 5 and 95% are
shown together with the experimental data. It can be
observed that the short-life data are bound by the 5%
probability line at both temperatures. This is not the
case for one long-life experimental result at 1250°C, and
two results at 1400°C. At the corresponding stress levels
the failure probability is higher than 95%. In view of the
relatively small number of specimens tested it is not
reasonable to assume that this probability level is
attained in the experiments. These three results at low
applied stress therefore suggest the existence of a
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Fig. 3. Dobes-Milicka plot of constant load flexural data.

threshold stress below which failure by subcritical crack
growth does not occur.

A threshold behaviour for SCG has been observed for
a number of silicon carbide materials [5,6] and has been
attributed to crack or flaw blunting by either the effect
of oxidation or by the presence of cavitation ahead of
the crack tip. In both cases the severity of the flaw is
reduced to a level below which it can not grow. A
recently developed model [7] for the growth of crack-
like cavities between elastic grains describes the SCG
behaviour in the presence of a threshold by the follow-
ing equation:

v = o[ K/ K + [(K/Kn)* — 1112 (1)

where v is the crack growth rate, K the applied stress
intensity factor, Ky, is the threshold stress intensity factor
and « is a constant. The latter two parameters can be
determined from fitting the equation to the experimental
results presented in Fig. 1, as shown in Fig. 5. The value
of the threshold intensity factor at both temperatures
can be translated into a threshold stress of 215 MPa at
1250°C and 150 MPa at 1400°C.
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Fig. 4. Experimental rupture lives and failure probability lines.
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Fig. 5. Experimental failure times versus applied stress and best fits
according to Chuang’s model.
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5. Long term uniaxial properties

Similarly to the flexure constant load tests, the strain
versus time curves of the uniaxial constant load tests
performed at 1400°C do not present a tertiary stage, but
consist of a primary and a secondary part. A compar-
ison of the strain accumulation between flexural and
uniaxial load tests is shown in Fig. 6. Whereas in bend
tests the strain continuously increases, this is not the
case in the uniaxial tests at the lowest stresses. After
load application, the strain remains approximately con-
stant for a given time period and then increases to con-
siderably higher levels. This suggests that an incubation
time is required before the strain accumulates again.
This period corresponds to the time required for the
generation of a new flaw population which becomes
dominant over the population of inherent flaws. A pos-
sible mechanism consists of healing of the inherent sur-
face flaws by oxidation. Indeed, as indicated earlier at
low applied stress levels SCG is overtaken by a blunting
effect, resulting in threshold behaviour. Below the
threshold another mechanism which is not related to
SCG determines strain accumulation and ultimately
lifetime. Such a time-dependent mechanism is true
creep. The strain increase observed in uniaxial constant
load tests after the incubation period can therefore be
considered an indication of the transition from SCG to
pure creep.

The uniaxial failure times are shown in Fig. 7, toge-
ther with those calculated from the flexural constant
load tests taking into account the Weibull size effect on
strength according to the equation

te/te = (0ar/Tat) (Aetr, o/ ety ) N2 (2

where subscripts t and f stand for tensile and flexure,
respectively, A is the effective surface area, N is the SCG
stress exponent, and m the Weibull modulus. Taking the
scatter on the flexural constant load data into account,
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Fig. 6. Strain accumulation under constant load flexural tests (dashed)
and uniaxial (solid lines) at 1400°C in the stress range from 150 to 183
MPa.

the uniaxial results agree with those obtained under
flexural loading. The same applies for the minimum
strain rate data. The good agreement evidences that for
comparable applied stresses the rupture time in the uni-
axial constant load tests is also governed by SCG.

The failure strains observed in both types of test at
1400°C are shown in Fig. 8. Below an applied stress of
about 160 MPa and independent of loading mode, the
strain to failure suddenly increases. This sharp transi-
tion corresponds within experimental error with the
value of the threshold stress determined from the flex-
ural constant load data. For higher applied stresses
SCG prevails at 1400°C, whereas creep behaviour char-
acterised by a larger strain accumulation dominates at
lower stresses.

The Monkman—Grant plot of all the constant load
data at 1400°C is shown in Fig. 9, where uniaxial data
from literature [8] on a similar material in the tempera-
ture range from 1150 to 1350°C are included. These
results agree remarkably well with the data from this
investigation and confirm the temperature independence
of the Monkman—Grant relationship. It is worthwhile
to note that the experimental results for both the SCG
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Fig. 7. Comparison of rupture times under uniaxial and flexural
loading at the same nominal stresses at 1400°C.
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Fig. 8. Failure strains in uniaxial and flexural tests.
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Fig. 9. Monkman-Grant plot of the flexure and uniaxial constant
load data at 1400°C, and data from Ref. [8] at temperatures of 1150
and 1350°C.

and creep dominated regime fit the Monkman—Grant
regression line, notwithstanding the fact that the failure
strains in the tests exhibiting creep behaviour are con-
siderably larger than for those where SCG prevails. The
literature data at 1350°C experimentally span the SCG
and creep dominated range and the minimum creep rate
data clearly indicate that creep is diffusion controlled
with a stress exponent equal to 1. It can hence be safely
assumed that also for the investigated silicon carbide
diffusion creep prevails below the threshold stress at any
given temperature.

6. Discussion

It has been shown that the silicon carbide investigated
here is susceptible to SCG at both temperatures of 1250
and 1400°C. This is somewhat surprising in view of the
absence of an amorphous grain boundary phase which
is usually considered to cause the sensitivity to SCG [9].
When no amorphous grain boundaries are present, SCG
initiates at surface locations such as surface-connected
porosity or machining flaws [10]. Also amorphous phases
may form upon exposure to an oxidative environment
(such as air), thereby triggering SCG. These observations
indicate that the environment plays a major role in
determining the time-dependent behaviour of the inves-
tigated sintered silicon carbide. This is also confirmed
by other investigators who have shown that the sensi-
tivity to SCG of sintered silicon carbides critically
depends on the oxygen content of the environment [11].
It is hence to be expected that the values of the thresh-
old stress for SCG obtained in this investigation are
affected by the surface finish and by the environment.

The sensitivity to the surface finish is obviously more
pronounced for specimens with a high surface to
volume ratio, i.e. the bend specimens. Hence, typical
features for SCG such as large scatter at a given stress in

constant load tests, caused by a variability in the initial
defect size from specimen to specimen, show up more
clearly in the flexure tests. Conversely, the pure creep
behaviour typical at low stresses, is expected to manifest
itself more in uniaxial tests.

The good agreement between the results of constant
load tests in the two loading modes is atypical for
monolithic ceramics. The first reason lies in the fact that
under the investigated stress- temperature conditions
life is mostly dominated by SCG. However, for ceramics
without amorphous intergranular phases the asymme-
trical creep behaviour between tension and compression
(as applies in flexure tests) is usually not apparent, and
tensile and compressive creep are equal [12]. Hence, for
such ceramics also under creep conditions a difference
between flexural and uniaxial loading is not expected.
This is further confirmed by the fact that the threshold
stress marking the transition from SCG to creep beha-
viour does not depend on the loading mode.

For life prediction purposes the Larson—Miller para-
meter Py is often used. Applying regression analysis to
the flexural data at both temperatures results in the fol-
lowing equations which describe the SCG-controlled
regime of time-dependent mechanical behaviour:

P =T(C+ 10g 1) (3a)

0 =1679.2 — 14.618E — 3P,y (MPa, s, K) (3b)
where T is temperature, ¢ is time, o is the applied stress
and the constant C has been determined by minimising
the experimental scatter. These equations apply for
stresses above the threshold stress at temperature. For
lower stresses diffusion creep failure occurs. The failure
mechanism map shown in Fig. 10 summarises the fail-
ure mechanisms for the investigated silicon carbide. The
map applies for specimens with an effective surface of
1000 mm? (corresponding to the size of the uniaxial test
specimens) and delineates the regions where fast frac-
ture, SCG and creep are life-limiting. The cross symbols
on the vertical lines at 1250 and 1400°C represent fast
fracture probabilities of 1, 5, 50, 95 and 99%. For the
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Fig. 10. Failure mechanism map for test pieces of the investigated
silicon carbide with an effective surface area of 1000 mm?.
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Fig. 11. Failure mechanism map based on an effective surface area of
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SCG regime, two parameter lines with average lifetimes
of 1000 and 10,000 h are shown. These lines fall within
the low fast fracture probability range, as do the
experimentally obtained threshold stresses of 215 MPa
at 1250°C and 150 MPa at 1400°C. Also shown in the
Figure are three parameter lines corresponding to pre-
dicted average failure times of 1000, 3000 and 10,000 h
under creep conditions. Their intersection with the cor-
responding SCG parameter lines indicates that the
transition stress hardly depends on temperature. In the
creep dominated stress—temperature range the rupture
life is orders of magnitude shorter than that predicted
on the basis of an extrapolation of the SCG behaviour.

The failure mechanism map of Fig. 10 applies for test
pieces with an effective surface area of 1000 mm?. For
components with a larger surface area and with the
same surface finish as considered here, the stress values
in the fast fracture and SCG region of the failure
mechanism map scale according to Eq. (2). For an
effective surface area of 1E6 mm?, the stresses resulting
in equal failure times for the same failure probability
have to be rated down by a factor 0.42. The stresses and
failure times corresponding to the creep regime are not
affected by this size increase because they correspond to
failure from a new flaw population generated during
loading. The resulting failure mechanism map is shown
in Fig. 11 where it can be seen that the overlap between
the SCG and fast fracture regime increases, and that the

occurrence of creep failure is suppressed to approxi-
mately below 55 MPa.

From the above figures it appears that accelerated
constant load testing for life prediction purposes should
preferably be performed below the transition stress
between SCG and creep dominated behaviour. This
implies that the acceleration should be realised by
increasing temperature. Because the Monkman—Grant
relationship does not depend on temperature, the accel-
erated constant load tests need not be continued to
rupture but can be stopped after the minimum strain
rate has been reached.
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