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Abstract
The sintering behaviour of LPS-SiC and the influence of the size of the rare-earth cations on the secondary phase characteristics were

investigated with different rare-earth oxide additions. In all cases, the most important sintering mechanism was found to be the solution-

reprecipitation process. This fact was corroborated by TEM and EDS analyses. Post-sintering annealing resulted in devitrification of the

secondary phases coupled with anisotropic grain growth due to the phase transformation from b-SiC to a-SiC. Improved fracture toughness of

the annealed materials was attributed to crack deflection by the elongated grains. SEM microstructural analyses were performed in order to

elucidate structure–property relationships. A comparative study in reference to the additive system Y2O3–AlN demonstrates significantly

improved high-temperature properties of the Lu2O3-containing SiC ceramics.

# 2005 Elsevier Ltd and Techna Group S.r.l. All rights reserved.
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1. Introduction

Silicon carbide is a potentially important material for

high-temperature structural components because of its

unique combination of properties, such as excellent

oxidation resistance, high-temperature strength retention,

high wear resistance, good thermal conductivity and thermal

shock resistance. However, it is difficult to densify without

additives because of the covalent nature of Si–C bond and

the low self diffusion coefficients [1]. Prochazka [2], in his

pioneering work, developed a pressureless sintering method

leading to good sinterability of silicon carbide powder with

additions of boron and carbon. Later on, combined additions

of boron, aluminium, carbon or their compounds were

successfully used as sintering aids to fabricate SiC ceramics

[3–9].
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An innovative approach of using liquid-phase sintering

for the densification of SiC was introduced by Omori and

Takei [10–12] in the 1980s. They investigated several oxide

systems and showed that oxide additives do promote the

densification of SiC via a liquid phase. During last decade,

additive systems such as Al2O3–Y2O3 and AlN–Y2O3 were

extensively used to obtain dense LPS-SiC ceramics [13–20].

However, it was established that the densification aids

invariably form ‘‘weak’’ grain-boundary phases [13,14]

affecting the final high-temperature properties.

In order to improve the thermo-mechanical properites,

several rare-earth oxides were introduced in recent years as

densification additives for Si3N4 and SiAlON ceramics [21–

26]. These new rare-earth oxide additive systems were

introduced for the modification of the grain boundaries by

highly refractory crystalline rare-earth disilicates (R2Si2O7)

leading to improved high-temperature properties. Moreover,

it has been observed that the solubility of N in oxynitride

glasses containing rare-earth oxides can reach higher

levels as compared to conventional additive systems [27].
ved.
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Table 2

Compositions of powder premixes

Designation b-SiC:a-SiC (mol%) Additive A:B (mol%)

1Gd–1Ho 90:10 50Gd2O3:50Ho2O3

1Dy–1Ho 90:10 50Dy2O3:50Ho2O3

Y–AlN 90:10 40Y2O3:60AlNa

Lu–AlN 90:10 50Lu2O3:50AlN

a Optimized composition in Y2O3–AlN system.
The glass transition temperatures and softening points of

oxynitride glasses are significantly higher than those of

silicate glasses [28], contributing to superior high-tempera-

ture properties of the sintered ceramics.

The present sintering study is a contribution towards the

understanding of the sintering behaviour of LPS-SiC with

different combinations of rare-earth oxides. In this case, the

melting point depression in the R2O3–R0
2O3 systems at

intermediate composition is exploited for the formation

of a liquid phase. Out of large number of additive systems

investigated (R = Nd, Gd, Dy, Y, Ho and R = Ho, Er, Lu) [29],

the combinations of R = Gd, Dy and R0 = Ho were selected for

the present study based on the sinterability of 50:50 (molar

ratio) compositions to near theoretical density by means of gas

pressure sintering at 2000 8C. The prevailing sintering

mechanism in this study was found to be classical liquid

phase sintering with solution-reprecipitation of SiC which

was corroborated by the TEM and EDS investigations.

Microstructural development and phase evolution after

sintering and annealing were investigated with the help of

SEM and XRD. Anisotropic grain growth behaviour coupled

with the b-SiC ! a-SiC transformation was correlated with

the fracture mechanical properties. In a separate study, LPS-

SiC with conventional Y2O3–AlN and new rare-earth additive

system Lu2O3–AlN were compared in terms of mechanical

behaviour at room and high temperatures.
2. Experimental procedure

Commercially available a-SiC, b-SiC and R2O3 (R = Gd,

Ho, Dy, Y, Lu) and AlN powders were used as starting

materials. The characteristics of these powders are

summarized in Table 1. Powder mixtures were prepared

by attrition milling for 4 h in isopropanol with Si3N4 milling

media using a polyamide container and keeping a ball-to-

charge weight ratio of 6:1. After drying and granulation by

sieving with a mesh width of 160 mm, the processed

powders were cold isostatically pressed at 240 MPa. The

compositions of the powder premixes are given in Table 2.

Sintering was performed in a graphite-heated gas

pressure furnace (FCT, Germany) at 2000 8C for 1 h. The

first stage of sintering was carried out under a slight N2
Table 1

Characteristics of the starting powders

Powder Designation manufacturer Chemical analysis (wt.%)

a-SiC A-10 H.C. Starck, Germany C-30.0, O-0.9, Al-0.03, Ca-0.01, Fe-0.05

b-SiC BF-12 H.C. Starck, Germany C-30.0, O-1.2, Al-0.05, Ca-0.005, Fe-0.0

AlN Grade C, H.C. Starck N-30.0, C-0.1, O-2.5, Fe-0.005

Y2O3 Grade C, H.C. Starck Al-0.005, Ca-0.003, Fe-0.005

Gd2O3 STREM CHEMICALS USA 99.99% Gd

Dy2O3 STREM CHEMICALS USA 99.90% Dy

Ho2O3 Alfa Aesar, Germany 99.99% Ho

Lu2O3 STREM CHEMICALS USA 99.90% Lu
overpressure of 0.2 MPa for 30 min, followed by a pressure

sintering cycle of 30 min at the same temperature under

10 MPa N2 to achieve complete densification. Annealing

schedules were performed in the same graphite furnace at

1950 8C for different times to effect the b ! a-SiC phase

transformation. The heating and cooling rates were kept

fixed at 10 8C/min.

X-ray powder diffractometry (XRD) was performed with

a Siemens D5000 X-ray diffractometer using filtered Cu Ka

radiation with a wavelength of l = 1.5406 Å. The X-ray

diffraction patterns were analysed by using Siemens

DIFFRAC-AT software for identifying the phases present

and for quantifying the extent of b! a-SiC conversion. The

percentage of a-SiC formed upon annealing is calculated

from the ratio of the relative intensities of the (1 0 1)

reflection of the a-SiC polytype 6H (F) and the SiC

reflection with maximum intensity (Fmax), followed by

comparison of that ratio with a calibration curve established

by Nader [30].

For scanning electron microscopy (SEM) observations,

the specimens were ground and polished to l mm surface

finish. After polishing, the samples were plasma etched

using a RF Plasma Barrel Etcher (Biorad PT7150) for 3–

3.5 min in a mixture of CF4 and O2 at 1:1 ratio.

Microstructures of the sintered and annealed specimens

were examined with scanning electron microscopes of types

S200, Cambridge Instruments, and DSM 982 GEMINI, Leo.

Grain sizes and aspect ratios were calculated using an image

analysis software (Imtronic, Germany). The sintered

samples were cut, thinned and investigated using energy

filtered transmision electron microscope (EFTEM) having

a maximum accelerating voltage of 120 keV (Zeiss EM

912 Omega). This instrument was also used for energy

dispersive microanalysis (EDS).
Particle size distribution Specific area (m2/g) Density (g/cm3)

d10 (mm) d50 (mm) d90 (mm)

0.18 0.51 1.43 11.1 3.22

3 0.25 0.89 3.50 17.8 3.22

0.34 0.92 3.07 5.0 3.26

1.21 4.48 8.08 12.9 5.02

�1 to 2 mm – 7.41

<65 mm – 7.81

4–5 mm – 8.36

– – 9.45
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Fig. 1. Microstructure of as-sintered SiC materials gas-pressured sintered in

N2: (a) 1Gd–1Ho and (b) 1Dy–1Ho.
The fracture toughness of sintered and annealed samples

was determined by using the Vickers indentation method.

The samples were polished to a surface finish of l mm. For

each specimen, 12 indentations are made by a Vickers

hardness tester (Buehler Micromet 1) with a load of 5 kg at a

constant loading speed of 70 mm/s and a loading time of

15 s. After measuring the crack length and diagonals of the

indentation, the fracture toughness was calculated using the

following formula [31]:

KIc ¼ 0:016

ffiffiffiffi
E

H

r
FL�ð3=2Þ (1)

where E is Young’s modulus, taken as 400 GPa for SiC

ceramics, H is Vickers hardness (GPa), F = load (N), L is

crack length (mm).

The hardness (H) is calculated by the formula [32]:

H ¼ 1:8544
F

d2
H

� �
(2)

where dH = diagonals of Vickers indentation (mm).

Room and high-temperature bend tests (four-point) were

performed in air on test specimens with dimensions: 3 mm�
4 mm � 50 mm, using a universal testing machine (Zwick,

Germany) with a fixture of inner and outer span of 20 and

40 mm, respectively. The tensile surface of the bars was

polished to 3 mm diamond finish and the tensile edges

beveled to avoid stress concentrations and large edge flaws

caused by sectioning. The crosshead speed for bending tests

was kept at 0.1 mm/s. The stress (s4P), is calculated

assuming elastic response to the imposed bending moment,

is given by equation

s4P ¼ 3

2

Fðlo � liÞ
bh2

� �
(3)

where s4P is four-point bending strength (MPa), F is force

(N), lo and li are the respective lengths between the two outer

(40 mm) and inner supports (20 mm), b and h are breadth

and height of the specimen, respectively.
3. Results and discussion

3.1. LPS-SiC with R2O3–R0
2O3 systems

3.1.1. Sintering behaviour

During sintering, complete wettability of the SiC grains

and a homogeneous microstructure are obtained in both

systems (Fig. 1). The sintered densities of the LPS-SiC with

rare-earth oxides are found to be 	99.5% of the theoretical

density as calculated by the rule of mixtures. The sintering

mechanism in the 1Gd–1Ho and 1Dy–1Ho systems is not

clear from the microstructural observations by SEM (Fig. 1).

There is no visible core-rim structure of the SiC grains [33]

even after severe plasma etching. However, EDS analysis

shows (Fig. 2) traces of oxygen inside the SiC grains which

suggests that sintering occurred through the solution-
reprecipitation mechanism [34]. This fact is also established

by the TEM investigation where the intergranular phases are

seen in bright contrast and SiC grains in dark contrast

(Fig. 3). The small grain surrounded by intergranular phases

is the result of solution-reprecipitation process. During

sintering, the mass transport mainly occurs through the

liquid phase formed by the dissolution of the two rare-earth

oxides along with some amount of SiO2 present on the

surface of the SiC grains. As sintering progresses, SiC grains

with highly convex curvature (small grains) will begin to

dissolve in the oxide melt to the solubility limit. Initial a-SiC

seeds or larger grains act as nucleation sites for a-SiC

precipitation. Thus, solution-reprecipitation is expected to

occur on the pre-existing a-SiC and is connected with some

chemical inhomogenity of the SiC-grains.

EDS analysis of TEM specimens shows some segregation

of rare-earth elements depending on their cationic radius. In

the 1Dy–1Ho system, the element with higher cationic

radius (Dy3+) segregates at intergranular films whereas the
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Fig. 2. TEM-EDS analysis of SiC sintered with 1Dy–1Ho showing different spectra obtained from the SiC grain and the intergranular and triple point phases.
content of the element with lower atomic radius (Ho3+) is

found to be higher at triple points (Fig. 2). The apparent

difference in the Si contents of the intergranular and the

triple point regions is due to interference from the
Fig. 3. Dark-field TEM image of SiC sample, where the intergranular

phases are seen in bright contrast and SiC grains in dark contrast. The small

grain surrounded by intergranular phases is the result of solution-repreci-

pitation process. The contrast difference caused by this sintering mechanism

is clearly visible.
neighbouring SiC grains in the topmost spectrum of

Fig. 2. For SiAlON ceramics sintered with rare-earth

oxides, a similar segregation effect depending on the atomic

radius was observed by Rosenflanz and Chen [35].

3.1.2. Microstructure and phase evolution

Typical microstructures of LPS-SiC sintered with 1Gd–

1Ho and 1Dy–1Ho are shown in Fig. 1. The remnant of the

liquid phase is primarily located at the triple or multi-grain

junctions. Plasma etching reveals a grain-boundary film

present between the SiC grains in both the systems. In order

to confirm this, a TEM investigation was performed on these

systems. Fig. 4 presents a set of low magnification

transmission electron micrographs showing general

morphologies of the 1Dy–1Ho system with the SiC grains

being in bright contrast. The secondary phases appear in

dark contrast because of the presence of the heavy rare-earth

elements resulting in high electron scattering. The TEM

images, along with electron diffraction patterns (Fig. 4),

confirm the presence of partially amorphous intergranular

phases along the SiC grain-boundaries as well as at

heterophase boundaries (between SiC and crystalline

intergranular phases, not shown here). The grain-boundary

film in Fig. 4 is unusually wide (�200 nm). The electron

diffraction pattern from the intergranular phase (Fig. 4, part

1) shows spots in addition to annular ring, suggesting that
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Fig. 4. Transmission electron micrographs along with electron diffraction patterns showing amorphous and crystalline regions in LPS-SiC sintered with 1Dy–

1Ho additive system.
partially crystalline phases are present as well. This is

different from the observations by Ye [36] on LPS-SiC

sintered with AlN–Y2O3 additives, where the intergranular

films (thickness �1 nm) were always amorphous. Triple

junction phases are entirely crystalline after sintering as can

be seen from the diffraction patterns of triple points (Fig. 4,

part 2). According to the XRD pattern of as sintered samples

(indicated by ‘‘0 h’’) in Fig. 5, the majority of intergranular

phases are crystalline in both the 1Gd–1Ho and 1Dy–1Ho,

systems showing sharp reflections in the XRD pattern. Little

diffuse scattering in the electron diffraction pattern indicates

that the amount of residual amorphous phases is small.

Annealing of the SiC materials sintered with the additive

systems 1Gd–1Ho and 1Dy–1Ho also gives rise to a plate-like

microstructure (Fig. 6), very similar to LPS-SiC sintered with

conventional additive systems [30,37,38]. The microstructure

changes from equiaxed to platelike grains during annealing,

and grain growth proceeds predominantly along the basal

plane of the hexagonal crystal lattice (plate-like growth). This

anisotropic grain growth of a-SiC grains is related to the b!
a-phase transformation and continues until full transforma-

tion is achieved or until there is steric hindrance by the
Fig. 5. X-ray diffraction pattern of LPS-SiC sintered with 1Gd–
neighbouring grains [19,30]. This microstructural develop-

ment is analogous to the formation of rodlike grains in Si3N4-

ceramics [16,19,39]. Image analysis of the two dimensional

sections provides a rough estimation of the average grain size

(measuring the sectional length of the grains), aspect ratio and

the secondary phase content in the two systems. These data are

tabulated in Table 3.

It is observed that the average grain size increases with

annealing along with the aspect ratio, the platelet type of

morphology evolving in both systems. However, due to faster

kinetics in the system 1Dy–1Ho, the growth of platelet grains

is faster. In both cases, secondary phases are expelled from the

grain-boundary region and very small amounts of residual

secondary phases remain at the triple or multi-grain junctions.

The reduction of the residual secondary phases occurs due to

the volatilisation of these phases via carbothermal reductions

(graphite-heated furnace) [40]. Remarkably, this does not

seem to generate any porosity in the present systems. From the

micrographs (Figs. 1 and 6) and the phase-transformation plot

(Fig. 7), it is clear that the kinetics of the b ! a-SiC

transformation is somewhat faster in case of the smaller cation

contrary to what would expected from chemical considera-
1Ho and 1Dy–1Ho after sintering and annealing for 40 h.
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Fig. 6. Microstructure of annealed SiC materials sintered with (a) 1Gd–1Ho

and (b) 1Dy–1Ho (compared to Fig. 1).

Fig. 7. b ! a-SiC phase transformation as a function of annealing

time.
tions [41]. Although silicate liquids containing larger cations

show a lower viscosity (due to lower field strength), the

transformation kinetics observed here do not follow this rule.

Since material transport through the melt is obviously not the

rate-limiting step (otherwise grain growth and transformation

would scale with the melt viscosity), the dissolution rate of

SiC in the melt is probably rate-determining [20] (or the re-

precipitation rate, but this has not yet been reported in

connection with this kind of materials). Possibly, the higher

field strength of the Dy3+ ions makes the 1Dy–1Ho melt more

efficient in dissolving SiC.
Table 3

The average grain size, aspect ratio and the liquid-phase content in sintered and ann

Sample designation Average grain size (mm) after Averag

Sintering 40 h of annealing Sinteri

1Gd–1Ho 1.0 
 0.6 1.3 
 0.7 1.2 
 0

1Dy–1Ho 1.1 
 0.5 1.7 
 0.5 1.3 
 0
3.1.3. Fracture toughness and hardness

Vickers indentation fracture toughness and hardness were

measured on as-sintered and annealed samples and are

plotted in Fig. 8. In as-sintered samples, cracks propagate

mainly along the grain boundaries as the grain-boundary

phases are weakened by probable thermal expansion

mismatch between them and the SiC grains [42]. However,

the crack path remains almost straight as there is no

appreciable crack deflection by the fine globular micro-

structure (Fig. 9a and c). The fracture toughness increases

with annealing time for both systems. In the annealed

samples, cracks also propagate along the grain boundaries

but are continuously deflected by elongated grains (Fig. 9b

and d). Crack deflection along the grain boundaries seems to

be the main toughening mechanism [43]. Apart from crack

deflection, crack bridging, mechanical interlocking and

thermally induced microcracking may also play a significant

role in the toughening of LPS-SiC ceramics [36,44]. In the

present case, the fracture toughness improves with post-

sintering annealing treatments, this behaviour being

more pronounced in the case of the 1Dy–1Ho additive

system as compared to the 1Gd–1Ho system (Fig. 8). This

larger improvement of KIc upon annealing can be directly

correlated with the larger grain size and higher aspect

ratio.

The Vickers hardness (H) initially remains unchanged for

both systems. Thereafter it increases to a maximum value

after 30 h of annealing, followed by a drop at the maximum

annealing time of 40 h. During annealing, the average grain

size (Ḡ) increases in both systems and hence invoking a
ealed materials after sintering with 1Gd–1Ho and 1Dy–1Ho additive systems

e aspect ratio after Secondary phase content (%) after

ng 40 h of annealing Sintering 40 h of annealing

.2 1.6 
 0.6 11 
 0.5 2.7 
 0.3

.3 2.2 
 0.5 11 
 0.4 2.2 
 0.3
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Fig. 8. Variation of fracture toughness and hardness as a function of

annealing time in SiC ceramics sintered with 1Gd–1Ho and 1Dy–1Ho

additive systems.
Hall-Petch like H versus Ḡ
�ð1=2Þ

-behaviour, one can expect

a decrease in hardness with increasing average grain size

[45]. However, in poly-crystalline materials containing

glassy grain-boundary and intergranular phases, after

thermal treatment, reduction and re-distribution of the

secondary phases generally improve the hardness of the

material [40]. In the present case, the glassy phase removal

seems to provide the dominant contribution. However, the

hardness values drop again after extended annealing. This is

thought to be due to the formation of micro-cracking caused

by residual stresses generated after considerable grain-

boundary phase removal [40]. For 1Dy–1Ho, a higher

hardness could be expected due to the lower cationic radius

and stronger R–O bond strength, counteracting the micro-

structural mechanism described above. This is obviously not

the case (Fig. 8).
Fig. 9. Vickers indentation crack propagation in as sintered (a) 1Gd–1Ho and (
3.2. LPS-SiC with R2O3–AlN systems

3.2.1. Sintering behaviour

Fig. 10 shows microstructures of the SiC ceramics

sintered with Y2O3–AlN and Lu2O3–AlN compositions.

Plasma etched samples reveal a typical core and rim

structure inside the SiC grains which indicates that the

sintering mechanism in these systems is also solution-

reprecipitation [34]. Both the core and rim zones consist

predominantly of one single polytype of SiC, namely 6H a-

SiC. The difference in contrast comes from the differential

etching behaviour of the core with respect to the rim region

which contains impurities due to the reprecipitation

process. This observation corroborates that the sintering

proceeds through solution-reprecipitation processes simi-

lar to the R2O3–R2O3 systems discussed in the previous

section.

3.2.2. Mechanical properties

Fig. 11 shows the bending strength variation between

RT and 1500 8C. An increasing trend is observed till

1200 8C followed by a rather moderate drop in the strength

values in case of Lu–AlN samples. However, this rise

is more pronounced at 1400 8C in case of SiC with Y–AlN

additive system. The increase in flexural strength

corresponds to flaw and surface crack healing due to

oxidation [17]. Apart from that, surface compressive stress

due to oxidation of oxynitride phases is also thought

to reinforce the material [20]. This effect is more

predominant in case of Y–AlN as the vol.% nitride

phase present in the system is higher than that of Lu–AlN

system. At higher temperature, the grain-boundary glass

phase weakens due to softening. Hence, non-uniform
c) 1Dy–1Ho and in annealed (for 40 h) (b) 1Gd–1Ho and (d) 1Dy–1Ho.
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Fig. 10. Microstructure of LPS-SiC ceramic sintered with (a) Y–AlN and

(b) Lu–AlN additives.
deformation such as grain-boundary sliding (grain-bound-

ary glass flow) occurs and the stress concentration at

crystallised triple junctions increases resulting in a drop of

the flexural strength [46].
Fig. 11. A comparison of high-temperature strength and stiffness retention

for LPS-SiC showing the improved thermo-mechanical properties of the

Lu2O3–AlN additive system as compared to the ‘‘conventional’’ Y2O3–AlN

additive.
In order to understand the degradation of the elastic

properties, stiffness values have been calculated from the

slope of the loading–unloading curve. The stiffness,

calculated from the slope of the loading–unloading curve,

essentially characterises the elastic and fast recoverable

anelastic components of the material’s behaviour. It is

evident from the Fig. 11 that high-temperature stiffness as

well as plastic-anelastic deformation behaviour is improved

by the substitution of Y2O3 by Lu2O3. The deformation

associated with viscous flow is diminished because of the

more refractory nature of the grain-boundary phase in the

system Lu2O3–AlN as compared to the Y2O3–AlN additive

system.

4. Conclusions

b-SiC, seeded with a-SiC, was successfully sintered to

full density with Gd2O3–Ho2O3, Dy2O3–Ho2O3, Y2O3–AlN

and Lu2O3–AlN additives. More than 99.5% densification

were achieved in all of these systems when sintering was

carried out in N2 atmosphere.

Sintering proceeds through the classical solution-repre-

cipitation mechanism as established by SEM, TEM and EDS

analysis. The LPS-SiC sintered with additive systems

Gd2O3–Ho2O3 and Dy2O3–Ho2O3 have a fine-grained

homogeneous microstructure of more or less equiaxed

SiC grains which can be suitably designed through post-

sintering heat-treatments. Characteristically, the b! a-SiC

phase transformation leads to anisotropic grain growth of a-

SiC grains which then form an interlocked platelet type of

microstructure.

Room temperature fracture toughness and hardness are

directly correlated with the microstructure. Improvements in

fracture toughness after annealing treatments are due to

crack deflection, crack bridging and mechanical interlocking

mechanisms.

Excellent thermo-mechanical properties are obtained by

the addition of Lu2O3, as compared to other rare-earth

oxides such as Y2O3.
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