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Abstract

Cubic zirconia has a smooth brittle/ductile transi-
tion above 800°C at a loading rate of 1-2 X 107*
MPam s7'. Pre-stressing at 950°C increases the
room temperature fracture toughness in a control-
lable manner. The toughness increase is caused by
dislocation shielding of the crack tip and may be
predicted using a model for dislocation generation
by crack tip dislocation sources.

Kubisches Zirkoniumoxid besitzt bei einer Tempe-
ratur von tiber 800°C und bei Lastraten von 1-2 X
10* MPaVm s’ einen fliefenden Ubergang von
sprodem zu zidhem Verhalten. Durch eine vorausge-
hende Belastung bei 950°C kann die Raumtempe-
raturbruchzdhigkeit in kontrollierbarer Weise erhoht
werden. Die Zdhigkeitszunahme wird durch die
Abschirmung der Rifispitze durch Versetzungen
verursacht und kann mit Hilfe eines Modelles be-
stimmt werden, das die Bildung von Versetzungen
an der Rifspitze annimmt.

La zircone cubique présente une tranmsition fragile/
ductile au-dessus de 800°C sous une vitesse de mise
en charge de 1-2 X 10* MPa\m s'. Une précon-
trainte a 950°C accroit la résistance a la rupture a
température ambiante. Cette amélioration est due
a un effet d'écrantage par des dislocations en front
de fissure et peut étre prédit a partir d’'un modéle de
geénération de dislocations par des sources de dis-
locations en front de fissure.

1 Introduction

The brittle/ductile transition, i.e. the temperature
and strain-rate sensitive transition from brittle
fracture to general yielding of material containing
a sharp pre-crack under stress, is generally deter-

mined by competition between cleavage fracture
mechanisms and dislocation activity at or in the
region of the crack tip. An understanding of the
phenomenon is of considerable importance to
fundamental fracture research. Dynamic simula-
tions of dislocation emission, motion and the
mutual interaction of the elastic stress fields of
individual dislocations and crack tip have shown
good agreement with the observed brittle/ductile
transitions in silicon,"* sapphire,® molybdenum?*
and germanium.” The temperature and form of
the transition is determined by the effects of strain
rate and temperature on dislocation mobility, the
relative geometry of cleavage and dislocation glide
planes and the distribution of dislocation sources.
The general applicability of the dynamic disloca-
tion shielding model is further tested in this paper
via a comparison of the experimentally deter-
mined brittle/ductile transition in cubic stabilised
zirconia with the behaviour predicted by the
model.

Indentation studies of cubic zirconia stabilised
with 9-4-14-6 mol% yttria (Y,03;)%'" show that
cubic zirconia cleaves on {110} with a fracture
toughness of around 1.1 MPavm.}’ Notched
test specimens gave fracture toughness values of
approximately 15 MPavm’ and 2 MPaVm,'' al-
though neither value was corrected for the finite
notch width. {001} and {111} are not good cleav-
age planes.®’

Compression tests above 1200°C on cubic zirconia,
stabilised by 9-4-18 mol% yttria (Y,0,-Zr0O,) and
12 mol% calcia (CaO-ZrQ,), demonstrated solid
solution hardening and preferential slip on
{001}(110)."*"* Dislocation climb and recovery
were extensive and the work hardening rate was
low. Preferential slip on {001} has also been indi-
cated by hardness anisotropy in 14 mol% CaO-
Zr0O, and 14-8 mol% Y,0;-ZrO,. The anisotropy
decreased in magnitude with increasing tempera-
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ture up to 600°C." High temperature slip on
{111}{110) has also been observed following
indentation of 9-5 mol% Y,04-ZrO, up to 1300°C.'°

A smooth brittle/ductile transition has been
observed in 14-6 mol% Y,0;-ZrO, using notched
specimens.'® Specimens were randomly oriented
about [110] with the notch cut parallel to {110}.
The strain rate was unspecified. The increase in
fracture toughness above 1000°C was attributed
to plastic yield of the specimen. Radial cracking
along {110} nucleated by high temperature inden-
tations in 9-4 mol% Y,0,-ZrO, showed a brittle/
ductile transition with the gradual cessation of
cracking between 500°C and 800°C.!° Cleavage
may be caused by Cottrell-type dislocation inter-
actions at lower temperatures. The tendency for
cracking decreased with increasing temperature as
elastic stresses were relieved by plastic deformation.

This paper deals with the brittle/ductile transi-
tion of cubic zirconia (stabilised with 12-1 mol%
Y,0;) using test specimens which contain a well-
defined sharp {110} pre-crack. The results are com-
pared with simulations from the dynamic model
for the dislocation mobility controlied brittle/
ductile transition.

2 Experimental Details and Results

2.1 The brittle/ductile transition

The fracture specimens were rectangular bars,
measuring nominally 25mm X 1-5mm X 0-7mm,
which were polished on all faces, finishing with
1 um diamond paste. The specimens were oriented
as in Fig. 1. The largest face was parallel to (001)
with the long axis parallel to [110]. The specimens
were pre-cracked using a 200g Knoop indentation
on the (001) face. The long axis of the indenter
was perpendicular to [110], producing a (110)
median crack. The indented surface was polished
to remove the indentation and the bulk of the
indentation plastic zone (so as to relieve residual
stresses from the indentation). After polishing, the
pre-cracks were approximately semicircular with a
mean crack depth of 25 um. The fracture tests
were conducted by four-point bending, with inner
and outer spans of 12 mm and 22 mm. Fracture
tests were performed in air up to 1000°C, using a

100) and (010)

(001) slip /
slip planes

11 OQ/[ 110]
(110) cleavage plane

Fig. 1. The orientation of (110) cleavage plane and {001} slip
planes in the cubic zirconia fracture specimens.

high-purity alumina jig in a furnace heated by SiC
elements. This was mounted on a screw-driven test-
ing machine. Thin silicon pads, measuring approx-
imately 0-4 mm thick, were inserted between the
zirconia specimen and the loading points. The
pads deformed under load and virtually elimi-
nated failures initiated by uneven contact at the
loading points for the high-temperature tests. The
test cell was heated from room temperature at 3°C
min' with the specimens unloaded, and was held
at temperature for at least 30 min before loading.
Except where noted, all high-temperature tests
were conducted at a crosshead displacement rate
of 1 um min'. Some room-temperature tests were
loaded at 1 mm min™'.

The crack depth and aspect ratio were deter-
mined for each specimen by post-failure optical
microscopy. The stress intensity at fracture was
then calculated using the standard solution for a
rectangular bar containing a semi-elliptical flaw
under a bending moment.'® The variation of mode
I stress intensity around the crack circumference
was calculated. This was found to be less than
10% and the average value of the stress intensity
at deepest point and the specimen surface was used.

The results for all specimens are shown in Fig.
2. The mean room temperature fracture toughness
was 1-1 MPaVm. The fracture toughness at 1 um
min™' increased smoothly between 800°C and
975°C from 1-5 MPaVm to 2-9 MPavm. All tests
below 1000°C showed a linear load/displacement
trace and fracture initiated at the pre-crack. At
1000°C the load/displacement trace showed non-
linearity, due to yielding, at a surface stress of
approximately 660 MPa, equivalent to a stress
intensity of 4-3 MPavVm for a crack of average size.
The specimen shattered at a surface stress of over
1150 MPa. {100} slip traces were found on the
(001) surface. No slip traces were observed in any
other test. Increasing the crosshead displacement
rate to 1 mm min"' at 1000°C produced a brittle
failure with a fracture toughness of 1-4 MPaVm.

N W s W

Stress Intensity at
Fracture (MPam'%)
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Temperature (°C)

Fig. 2. The effect of temperature and loading rate on the
fracture toughness of cubic zirconia, compared with the frac-

ture toughness predicted by the dislocation shielding model.
Each point corresponds to a single test. 4, 1 mm min;
B, 1 um min™'; [, predicted transition; — — —, 1-1 MPa m"2.
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Fig. 3. Optical micrograph of the (110) fracture surface.
showing semi-elliptical precrack. Tested at 1 u min ' at 900°C.

2.2 Fractography and dislocation etching

Fracture surfaces were inspected using optical
microscopy, and after gold-sputtering were exam-
ined by scanning electron microscopy (SEM). No
significant changes in the appearance of the frac-
ture surfaces with test temperature could be dis-
cerned (Fig. 3). The fracture surfaces were etched
with molten potassium hydroxide (KOH) in a
nickel crucible at 350-400°C for over 10 mins, so
as to observe any dislocation activity. Unstressed
samples showed etch pits on the (001) surface with
an average density of approximately 10'" pits m™.
A much higher pit density was found at the inden-
tation site on the (001) surface of high tempera-
ture tests. The heavily etched zone measured
approximately 30 um X 10 pm.

A test at 1000°C which had failed from a
loading point at an applied stress intensity of
2-3 MPaVm, loaded at 1 wm min"', was subse-
quently broken at the pre-crack. Etching for
40 min produced fine markings on the fracture
surface, with a density of approximately 10'*> marks
m2. Optical microscopy implied these were
depressions in the fracture surface (Fig. 4(a)).
However, on closer examination using SEM they
were found to be raised above the surface (Fig.
4(b)). Similar markings were found in smaller
numbers on tests at 975°C and 950°C. No such
marks were seen on the room-temperature frac-
ture surfaces after etching. The high-temperature
tests showed a tendency for localised etch attack
of the crack tip not seen in specimens tested at
room temperature (Fig. 4(b)).

2.3 Warm pre-stressing

Warm pre-stressing experiments were conducted
at 950°C by loading pre-cracked specimens, at 1 wm
min!, to stress intensity levels above the room-
temperature fracture toughness. The stressed speci-
mens were rapidly unloaded then cooled at approxi-

mately 1°C s”' to room temperature. They were

20um
(b)

Fig. 4. Features produced by a 40 min etch in molten KOH

(350°C) on the fracture surface of an interrupted slow strain

rate test at 1000°C: (a) optical micrograph; (b) scanning
electron micrograph.

subsequently fractured at room temperature at a
loading rate of 1 mm min . The room-temperature
stress intensity at fracture was above the normal
fracture toughness value (1-1 MPavm) and increased
with increasing pre-stressing stress intensity. The
results are shown in Fig. 5.

2.4 Indentation testing

The room-temperature fracture toughness was
determined independently using the standard in-
dentation technique. Indentations were made using
a Vickers indenter with loads between 100 g and
1000 g. The indenter diagonals were aligned par-
allel to (110) on the (001) surface. The Vickers
hardness was 16-71 £ 2 GPa, and was approxi-
mately independent of load. Lateral cracking was
not often observed, even at the highest loads used.
Knoop indentations on (001), aligned as in the
pre-cracking procedure, gave decreasing values of
hardness with increasing load. Significant lateral
cracking was observed above 300 g. The hardness
for a 200 g load was 14-4 + 0-6 GPa. The ratio of
hardness to elastic modulus (H/E) was determined
from the Knoop indentation elastic relaxation,!”
giving a value of 0-037.
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Fig. 5. The effect of pre-stressing level at 950°C on the room-

temperature fracture toughness, compared with the fracture

toughness predicted by the dislocation shielding model.
@, Measured toughness: O, predicted toughness.

The fracture toughness was evaluated from the
Vickers indentation radial crack lengths for inden-
tation loads between 100 g and 1000 g. The tough-
ness was calculated using the formula of Anstis et
al.'® and the previously determined hardness to
Young’s modulus ratio. The average fracture
toughness was 1-020 + 0-05 MPavm. Comparable
values were obtained using alternative formulae
for indentation half-penny cracks.!*%!

3 Modelling

The brittle/ductile transition was modelled by
computer simulation of the evolution of a crack-
tip dislocation array, using the method of Hirsch
& Roberts.”? The geometry of the model is shown
in Fig. 6. The dislocation loops emitted from the
crack tip are modelled as an array of infinite par-
allel straight dislocations moving on a slip plane
perpendicular to the crack plane. The modelled
dislocations are emitted from a source close to the
crack tip when the stress on a notional dislocation
at the source position is such as to move the dis-
location away from the crack tip. The position of
the source is adjusted so as to produce the first
dislocation emission at the stress intensity value,
Ky similar to that found by experiment (see, for
example, Ref. 1). At each stage of the simulation,
the stress on each dislocation is calculated, taking
into account the applied stress intensity, inter-
actions with all other dislocations, and the image
forces due to the presence of the crack surface.*
The velocity of each dislocation, v, is then calcu-
lated, according to the relation:

v=Ame VIkT )

where m is relatively insensitive to temperature
and U is the activation energy for dislocation
motion. 4 is a constant and k is the Boltzman
constant. Each dislocation is moved a distance
equal to its velocity multiplied by a small time
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Fig. 6. The mode I two-dimensional approximation for edge

dislocation emission and crack-tip shielding. The dislocations

are located at positions y; with an applied stress intensity
actor K.

interval; the computer simulation repeats this
process, giving the position of each dislocation in
the array as a function of time in a simulated test.

The local stress intensity factor at the crack tip,
K., due to dislocation shielding under a remote
applied mode I stress intensity factor, K|, is given
by:

K,=K ~ 2 _3wb
3> dery A1 — YWY,
where w is the shear modulus, v, Poisson’s ratio,
b, the magnitude of the Burgers vector and y,
gives the individual positions in a dislocation
array. The critical distance, d_;, is the minimum
distance dislocations must travel before shielding
the most highly stressed section crack tip, and
incorporates the three-dimensional geometry of
the crack and dislocation sources."*’ Fracture is
assumed to occur when K., exceeds the critical
stress intensity factor for cleavage, K. At frac-
ture, the applied stress intensity K may be greater
than K,  because of the shielding action of the
dislocations. The computer simulation of experi-
mental fracture tests is used to determine the
predicted variation of Ky with temperature (the
modelled BDT curve). Further details of the
model and justification of the fundamental simpli-
fying assumptions are given in Refs 1, 5 and 22.
Parameters to be used in the model were found
as follows. The Poisson’s ratio and shear modulus
were determined from a Voigt average” of high-
temperature elastic constant measurements in
Y,0,-ZrO,, determined up to 1180°C** giving
m = 70 GPa, v = 0-3. The length of the Burgers
vector, b, is 7-28 A% B
K;. was taken to be 1-1 MPa\/ln. The loading
rate, dK/dr, was 1-2 X 10* MPaVm s', equivalent
to the crosshead displacement rate of 1 um min™!
for a typical crack size of 25 um. Ky, the stress
intensity for the first dislocation emission, was as-
sumed to be 0-2 Kj.. Previous studies (e.g. Ref. 2)
have shown that a ‘smooth’ brittle/ductile transi-
tion, with fracture K rising steadily with test
temperature, is characteristic of easy dislocation
emission from crack-tip sources; modelling such

2
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Fig. 7. The dislocation array length () and number of dis-
locations (M) emitted immediately before fracture, predicted
by the dislocation shielding model.

behaviour? showed that,provided Ky is less than

approximately 0-8 K., the behaviour of the model
is not sensitive to the exact value of Ky. It was
assumed that all emitted dislocations immediately
contribute to crack shielding, and therefore d_;
was set to zero.

The model used the dislocation velocity data for
{001} slip in 9-4 mol% Y,0;—ZrO, of Farber &
Heuer** (determined above 1100°C). These data
gave m = |4, U=5¢eVand 4 = 6:7 X 10* for v in
m s”, 7in MPa and T in degrees Kelvin.

The predicted fracture toughness as a function
of temperature is compared with the experimental
results in Fig. 2. The agreement with the observed
fracture toughness is good, although the simula-
tion underestimates the fracture toughness above
950°C. The dislocation array lengths and number
of dislocations emitted prior to fracture are shown
in Fig. 7. Very few dislocations are predicted to be
active at the crack tip even at the highest test tem-
peratures. Simulations of the warm pre-stressing
experiments were also carried out using the same
parameters. The results are shown in Fig. 5, and
agree weli with the observed warm pre-stressing
effect.

4 Discussion

The Vickers and Knoop hardness and the H/E
ratio were comparable with values in the literature
for Y,0,-Zr0,.>'%* There was also good agree-
ment with literature values for the room-tempera-
ture fracture toughness of cleavage on {110}, de-
termined by Vickers indentation.®® The similarity
between the independently determined indentation
toughness and the fracture toughness from pre-
cracked specimens indicates that the pre-cracking
procedure produces a well-defined crack, free
from significant residual stresses. The average
room-temperature fracture toughness value of
1'1 MPaVm was therefore used in the model
calculations.

The cubic zirconia showed a smooth brittle/
ductile transition between 800°C and 1000°C,
yielding at a surface stress of approximately 660
MPa at 1000°C. The toughness increase was not
seen at high strain rates and the load/displacement
trace showed no evidence of general yielding
below 1000°C. Pre-stressing at 950°C to stress
intensity factors above the room-temperature
fracture toughness caused a toughness increase
which was preserved on rapid cooling to room
temperature. The absence of toughening at the
higher loading rate at 1000°C (Fig. 2) shows that
the toughness increase was not due to residual
stress relief, but was due to dislocation shielding
of the pre-crack.

The small size of the indentation plastic zone
after high-temperature stressing, compared to the
pre-crack size, implies that the dislocation sources
nucleated at the indentation were not responsible
for the crack shielding. The features observed on
the fracture surface after etching (Fig. 4(b)) might
result in selective etching at dislocations nucleated
by general yielding. However, they resemble etch
hillocks* and are more probably a surface con-
tamination artefact and are unrelated to the inter-
nal structure. The tendency for etchant attack at
the crack tip in the high temperature tests is
indicative of crack-tip shielding by a high density
of dislocation sources at, or close to, the crack tip,
but with the emitted dislocation travelling only a
small distance.

The dislocation shielding mechanism is supported
by the agreement between the dynamic dislocation
model and both the observed brittle/ductile transi-
tion (Fig. 2) and the warm pre-stressing effect
(Fig. 5). The higher toughness value at 975°C may
be due to an additional shielding contribution
from yielding near the brittle/ductile transition
temperature. The sub-micron dislocation array
lengths predicted by the simulations (Fig. 7)
would not be measurable by etching techniques.

The material-dependent parameters, u, v and b,
used in the model, are relatively insensitive to
composition,”** and the expected error in their
values does not have a significant effect on the
simulation results. The model is sensitive to the
choice of K|, although this value is validated by
the indentation and room-temperature fracture
tests. The low value of Ky the stress intensity
factor for dislocation source operation, is based
on the operation of crack tip dislocation sources
in silicon.”” Its value does not significantly influence
the simulation except when only one or two dislo-
cations are emitted.

The critical distance, 4., has previously been
used in silicon'®, sapphire® and germanium’ to
characterise the distance which dislocations must
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travel from a few discrete sources on the crack
front to shield the entire crack. Typically, d;, is of
the order of half the crack size for a semi-circular
pre-crack. In silicon, the dislocation source opera-
tion was concentrated where the slip plane was
tangential to the crack front.!

For the slip plane/crack geometry here, the
resolved shear stress on the most favourably ori-
ented glide plane in zirconia was calculated, using
the solution for an embedded circular flaw as an
approximation to a semi-circular flaw."? Glide on
both the {100} and {111} slip systems were con-
sidered individually and simultaneously, although
{100} slip is considered more probable and is
indicated by the slip traces at 1000°C. It was
found that for a crack parallel to (110), there were
no positions around the crack front where disloca-
tion source operation was particularly favoured by
a significantly high maximum resolved shear stress
on any individual slip system. Given easy disloca-
tion source nucleation, demonstrated by the
smooth transition (modelled using a low value of
K\) a high density of dislocation sources was
therefore assumed to operate around the entire
crack front; all emitted dislocations act to shield
the crack tip and d;, = 0.

In summary, the elastic constants and disloca-
tion velocity behaviour are known to sufficient ac-
curacy for their errors to have no significant effect
on the simulation. The dislocation source nucle-
ation and operation parameters may be justified
by comparison with other brittle materials and the
observed smooth brittle/ductile transition. The
chosen value of d_; is consistent with the cleavage
plane and the available slip systems, assuming a
high density of dislocation sources.

Some error between the observed and predicted
brittle/ductile transition is to be expected due to
the variation of mode I stress intensity around the
crack front. The crack is not a perfect semi-ellipse
and the stress intensity is not constant around the
crack front. The etchant attack at the crack tip
(Fig. 4(b)) and the fracture surface topography
(Figs 3 and 4) both indicate that the stress inten-
sity is at a maximum at the deepest point and
shielding may not be uniform around the crack.
However, despite the severe approximation of the
two-dimensional mode I edge dislocation model
and the use of an average stress intensity factor
for the semi-elliptical crack, the good agreement
suggests that the important features of the model
are valid, although the near-exact coincidence of
the experimental results and prediction (Fig. 2)
may be fortuitous. The smooth brittle/ductile tran-
sition in cubic zirconia may therefore be under-
stood by mobility-controlled dislocation shielding
of the crack tip.

5 Conclusion

The room-temperature fracture toughness deter-
mined via the indentation technique and bend
testing of pre-cracked specimens 1s approximately
1-IMPavm.

The brittle/ductile transition of cubic stabilised
zirconia at a loading rate of 1.2 X 10* MPavm s’
is characterised by a smooth increase in fracture
toughness above 800°C; the specimens yielded at
1000°C. Pre-stressing at 975°C increased in the
room temperature fracture toughness in a control-
lable manner.

The dynamic dislocation crack shielding model
has been successfully applied to cubic zirconia.
The important parameters in the model are deter-
mined by material constants and the test geome-
try. Good agreement was obtained between the
model predictions and experimental observations.
It is concluded that the brittle/ductile transition in
cubic zirconia is controlled by the mobility of dis-
locations emitted at the crack tip.
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