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Abstract 

The structure and composition of metal/ceramic 
interfaces play an important role for the properties 
of composites, for the bonding of bulk metals (or 
metallic alloys) to bulk ceramics, in electronic 
packaging, and for the properties of oxide scales on 
metals (or metallic alloys) formed after high-tem- 
perature corrosion. In this paper the possibilities of 
high-resolution transmission electron microscopy 
(HRTEM) and analytical electron microscopy 
(AEM) will be summarized and recent develop- 
ments discussed. Those advancements encompass 
quanttfication of HRTEM data by image processing 
and studies of spectfic components of the interfaces 
by investigations of the near-edge fine structures 
(ELNES) of energy loss spectra. The techniques 
will be applied to the Nb/A1203, and Cu/AI,O, inter- 
faces, respectively. 

1 Introduction 

Metal/ceramic interfaces (MCI) belong to hetero- 
phase boundaries.’ Those boundaries exist 
between two crystals which possess different struc- 
tures and/or compositions. In contrast, a homo- 
phase boundary separates two crystals of the same 
material with the same composition (see Fig. 1). 
Recently, heterophase boundaries and MCIs were 
the subject of intense research and of several con- 
ferences.24 The great interest in MCIs results from 
the high potential of application of those compo- 
nents: (i) for the bonding of metals to ceramics; 
(ii) as an important component of composites; (iii) 
electronic packaging systems used in information 
processing; (iv) thin film technology and (v) high- 
temperature oxidation of metals and metallic 
alloys. The MCIs must typically sustain mechanical 
and/or electrical forces without failure. Conse- 
quently, interfaces exert an important, sometimes 
controlling influence on performance for the com- 
ponents mentioned above. 

A basic understanding of the properties of the 
interfaces requires a knowledge of the different 
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structures and compositions of the MCIs. The 
structures should be available to the atomic level 
and the coordinates of atoms at or near to the 
interface have to be determined with high precision. 
At the interface between two dissimilar materials, 
segregation of impurities and/or the formation of 
reaction products may occur.5m7 Those processes 
lead to a modification of the properties of the sys- 
tem. Therefore, it is essential to also study the 
composition and possible reactions at the MCI. 

In this paper, results will be reported with 
respect to structural studies by quantitative 
high-resolution transmission electron microscopy 
(QHRTEM) as well as investigations on chemical 
processes and bonding across the interface by ana- 
lytical electron microscopy (AEM), with emphasis 
on electron energy loss spectroscopy (EELS), and 
studies of the energy loss near edge structures 
(ELNES). The techniques will be applied to the 
Nb/A1,03 and Cu/Al,O, interface. 

2 Remarks on Bonding Across MetaYCeramic 
Interfaces 

The free energy per unit area, y, of an interface 
represents the most fundamental thermodynamic 
property of an interface. The free energy is corre- 
lated to the measurable work of adhesion w,d by 
the Dupre equation8 

wad = 3/m + yc - Y (1) 

with ‘y, = surface energy of the metal and yc = 
surface energy of the ceramic. Attractive interac- 
tion between the two constituents (metal, ceramic) 
results in w.d > 0. 

The measurement of w.d is not easy. Jilavi’ 
determined w,d by measuring contact angles at 
(equilibrium) pores present at the MCI following 
a suggestion by Fischmeister et al.” Jilavi deter- 
mined w.d for Nb/Al,O, interfaces by TEM cross- 
sections of equilibrium pores in solid state bonded 
bicrystals. w,d ranges from 0.5 to 1.5 J/m2 
depending on the relative orientation of the Nb 
single crystal with respect to the sapphire crystal. 
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Fig. 1. Homophase boundaries and heterophase boundaries. Homophase boundaries limit on both sides materials of the same 
composition and same structure, whereas at heterophase boundaries the structure and/or composition of both components is different. 

The evaluation is made by assuming an isotropic 
behaviour of all quantities in eqn (1). This is, 
however, not correct for most crystalline materi- 
als. Nevertheless, the measured data’ result in the 
correct order of magnitude of IV,,. Furthermore, 
the anisotropy of the interface energies alone can- 
not explain the measured variation of W,,.9 

A theoretical description of W,, on the atomic 
level requires the knowledge of the interatomic 
potential at the interface. At the MCI a qualitative 

change in the bonding across the interface occurs. 
There exist appropriate models for describing 
interatomic forces in the metal and in the ceramics, 
respectively. ** However, an interatomic potential 
between a metal and a ceramic cannot be derived 
easily. Geometrical arguments do, in general, not 
lead to a correct description of the dependence of 
W,, on orientation,12 as suggested previously. l3 
Cluster calculations14 predicted the trend of W,, 
for several MCIs, however, no quantitative or even 
semi-quantitative values of W,, can be deduced 
from those simple calculations. 

The phenomenological considerations are con- 
trasted by recent fundamental calculations of the 
bonding across MCIs. Ab initio calculations of 
rather small cells containing the interface allow 
the determination of the bonding at MCIs. Those 
calculations were performed for Ag/Mg0i5-17 and 
Nb/A1203. 18-20 In the calculations the Schriidinger 
equation is being solved without any input param- 
eter but basic atomic data and an assumed struc- 
ture of the selected cell containing up to about 50 
atoms (ions) only. No structural relaxations are 
possible in the calculations. Therefore, the calcula- 
tions have to be performed for different atomic 

arrangements and the energy determined. The 
lowest energy configuration represents the most 
likely configuration of the system. The calcula- 
tions result in the electronic band structure of the 
ground state at 0 K. 

In a first step, Kruse et al.*’ calculated the equi- 
librium structure of a Nb monolayer on a (0001) 
sapphire surface. Figure 2 shows the Nb positions 
of the different starting configurations used in the 
calculations. After different runs in the computer 
for different atomic configurations it could be 
proven that the absolute energy minimum of the 
Nb/Al,O, interface occurs with Nb in the A posi- 
tion (Fig. 2). This result agrees with HRTEM 
observations of MBE grown Nb over layers on 
(0001) A120,.21-24 

Basically the same result is obtained for bulk 
Nb (3-5 atomic layers of Nb on top of the (0001) 
sapphire surface). 18,19 The positions of all atoms 
(ions) can be calculated for the lowest energy con- 
figuration (Fig. 3). The results of the first-princi- 
ples calculations allow detailed analysis of the 
bonding at the Nb/Al,O, interface. Charge density 
plots (Fig. 4) reveal that the Nb atoms are par- 
tially ionized. At the same time, electron density 
accumulates between Nb and 0 atoms. Detailed 
analysis of the electron density distribution reveal 
that the increase of charge density is mainly an 
overlap of atomic orbitals, rather than delocaliza- 
tion of electrons into a molecular orbital.19 This 
analysing leads to the conclusion that the bonding 
between Nb (monolayer and bulk) and sapphire is 
predominantly ionic. Charge is being transferred 
from the metal to the oxide leading to ionic bond- 
ing. Similar results are obtained for Ag/Mg0.15-17 
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Fig. 2. Model of a Nb monolayer on the (0001) surface of sapphire used for the first-principles calculations of Kruse et a1.‘8-2o A, 
B and C denote those different positions of the Nb atoms for which the calculations have been done. (a) and (b) show the model 

in plan view and in cross-section, respectively.” 

Fig. 3. Model of ‘bulk’ Nb on the (0001) surface of sapphire. A layer of 3 (or 5) Nb atoms on top of sapphire can be handled by 
the computer. A small kink in the 2nd Nb layer indicates the attractive forces on the Nb by A1,0,.‘9 

So far ab initio calculations can only be per- 
formed for less than about 50 atoms. In these 
small supercells it is assumed that the metal (Nb, 
Ag) fits coherently to the oxide substrate. The 

mismatch between the two lattices (metal and 
ceramics, respectively) can so far not yet be 
treated on the same basic level since the required 
supercell cannot be calculated by today’s computers. 
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Fig. 4. Charge density (in units of 0.003 emAm3) of a Nb mono- 
layer on a (0001) sapphire slab, according to a self-consistent 
ab initio band structure calculations. The projection direction 
corresponds to (2110) in sapphire. 0, Al and Nb atoms (ions) 
are indicated by 0, + and *, respectively (C. Kruse et ~1.‘~~~~). 

Empirical interatomic potentials have to be used for 
modelling of the structure and misfit dislocations 
and the dislocation networks.2s Experimentally, so 
far, different results are obtained by different 
authors.26,27 

Korn et a1.28,29 have shown experimentally that 
the level of the bonding energy at the interface 
between Nb and Al,O, can be strongly influenced 
by impurities and chemical processes occurring at 

the interface. However, no fundamental (basic) 
theory can so far explain the measured changes. 
Empirical models have to be used. 

3 Transmission Electron Microscopy 

The different possibilities offered by modern trans- 
mission electron microscopy are summarized 
schematically in Fig. 5. 3o Conventional TEM tech- 
niques (CTEM) involve bright field (BF) and dark 
field (DF) imaging and selected area diffraction 
(SAD). CTEM is being used for morphological 
analyses, the identification of different phases and 
for the analysis of lattice defects.31 Spectroscopy 
can be performed in an analytical TEM with high 
spatial resolution. 32 The probe size in a scanning 
transmission electron microscopy (STEM) ranges 
from less than 1 .O-50 nm. Energy dispersive spec- 
troscopy (EDS) uses X-rays emitted from the 
specimen for a chemical characterization,32 while 
characteristic energy losses can be used for identi- 
fying qualitatively and quantitatively the different 
elements present in the specimen by electron 
energy loss spectroscopy (EELS).33 EELS has so 
far most successfully been applied for the analysis 
of light elements. The surroundings of atoms can 
be probed by extended energy-loss fine structure 
studies (EXELFS) whereas energy-loss near-edge 
structure (ELNES) investigations result in infor- 
mation on the distance, bonding and bonding 
states to neighbouring atoms.34 ELNES has been 
successfully applied to interfaces.3s High-resolu- 
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Fig. 5. Schematic illustrations of different TEM techniques. (a) Conventional TEM (CTEM), only one beam is used for imaging 
(BF: bright field imaging; DF: dark field imaging; SAD: selected area diffraction). (b) Spectroscopy utilizes the inelastic scattering 
processes of electrons in the specimen for a chemical characterization with high spatial resolution (EDS: energy dispersion spec- 
troscopy; EELS: electron energy loss spectroscopy; EXELFS: extended energy-loss fine structure; ELNES: electron energy loss 
near-edge structure. (c) Lattice imaging. The direct and scattered beam from the image (HRTEM: high resolution transmission 

electron microscopy). 
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tion transmission electron microscopy (HRTEM) 
studies result in structure images3”38 of small per- 
fect and/or defected regions in crystal. 

In this paper we concentrate on quantitative 
high-resolution transmission electron microscopy 
and advanced analytical electron microscopy stud- 
ies. This emphasis should, however, not diminish 
the important role that conventional TEM still 
plays in materials science: most results obtained so 
far in electron microscopy are done in the area of 
CTEM. 

4 Determination of Atomic Structure of Metal/ 
Ceramic Interfaces by Quantitative High-Resolution 
Transmission Electron Microscopy 

The resolution of commercially available transmis- 
sion electron microscopes has improved signifi- 
cantly. The point-to-point resolution of medium 
high-voltage electron microscopes with an acceler- 
ation voltage of 300-400 kV results in -0.17 nm. 
The new generation of high-voltage high-resolution 
instruments pushes the resolution limit to -0.1 nm.39 

The major obstacle in applying HRTEM rou- 
tinely in materials science is caused by the fact 
that experimentally obtained micrographs cannot 
be interpreted in a ‘naive way’, which means that, 
for example, dark spots on a micrograph corre- 
spond to the position of a column of atoms in the 
investigated specimen. 36,37 On the contrary, the 
contrast on a micrograph is formed by a complex 
scattering procedure which usually excludes the 
naive interpretation. 

If one assumes that a completely coherent plane 
wave enters the specimen at the upper specimen 
surface then the amplitude and phase of the wave 
field at the exit surface can be calculated following 
well established procedures. The dynamical scat- 
tering of electrons is complex and highly nonlinear 
which means that the wavefield does not depend 
linearly on any experimental parameter such as 
specimen thickness and specimen orientation and 
positions of atoms or columns of atoms.36,37 

Furthermore, the HRTEM image depends on 
several instrumental parameters such as: (i) the 
coherency of the illumination system. (ii) The 
spherical aberration of rotational symmetric lenses 
which cannot be corrected. This aberration results 
in a change of the phase of the electron wave scat- 
tered even under small angles (I l”, depending 
on the instrument). This alteration may lead to a 
modification of the experimentally recorded micro- 
graph. (iii) The exact position of the imaging 
plane (with respect to the exit surface of the speci- 
men), the defocus value A& is an additional param- 
eter which can be adjusted and has to be. known 

rather accurately for a proper interpretation of the 
experimental micrograph. (iv) Finally, the record- 
ing medium (photographic film, CCD camera, etc.) 
influences also the registered micrograph. 

Another important, although nearly trivial 
aspect is that a HRTEM micrograph represents a 
two-dimensional (2D) projection of a three-dimen- 
sional (3D) object. Detailed information can be 
obtained if the specimen is crystalline and is ori- 
ented so that the incoming electron beam is paral- 
lel to a low-order Laue zone. A determination of 
the coordinates of an atom in a specimen requires 
experimental studies in (at least) two different 
orientations (‘electron tomography’40). For one 
HRTEM analysis of crystalline materials, the 
number and location of the positions of atom col- 
umn rows can be established. For the analysis it is 
assumed that the lattice to be investigated is peri- 
odic in the direction of the incoming beam. The 
analysis of the atomistic structure of an interface 
requires that a low indexed zone axis of both crys- 
tals adjacent to the interface and the interface 
itself are parallel to the incoming electron beam. 
(See Fig. 7). 

The amplitude and intensity distribution in the 
image plane depends critically on the spherical 
aberration of the objective lens. The geometrical 
beam path is shown in Fig. 6(a). In the image 
plane of the objective plane, an image of the 
object is formed by the interference of the trans- 
mitted beam with all diffracting beams. A better 
physical description of the image-forming pro- 
cesses can be performed by using wave optics 
(Fig. 6(b)). A transmission function q(x, y) leaves 
the exit surface of the crystalline specimen. This 

object back fo& plane image 

wove optiis 

a 

b 

x(u.vl= flu.v:Af.cJ 

Fig. 6. Image formation by the objective lens of a transmis- 
sion electron microscopy. (a) Geometric optical path diagram 
(b) Wave optical description (see text for explanation). Con- 
trast transfer CTF = exp(iAu,v)), with x(u,v) = f(u,v,Af;C,). 
u,v: Coordinates in the diffraction plane, Afi defocus distance 
(= distance between lower specimen surface and imaging 

plane); C,: constant of spherical aberration. 
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Fig. 7. Direct imaging of an interface by HRTEM. The crys- 
talline specimen must be adjusted so that the direction of the 
incoming electron beam coincides with the orientation of 
atomic columns. The schematic drawing includes an interface. 
HRTEM can successfully be performed at such an interface if 
the interface normal lies perpendicular to the direction of the 
incoming beam (or the interface plane parallel to the direc- 
tion of the incoming beam). Note that the foil thickness has 
to be in the range of 5-10 nm. The foil thickness should be 

constant over the investigated area. 

function q(x, y) can be periodic or non-periodic. 
The wave field moves through the objection lens 
and the amplitude distribution in a diffraction pat- 
tern Q(u, v) is formed by a Fourier transformation 
of q(x, y). The intensity distribution in the diffrac- 
tion plane Q(u, v) is being modified according to 
the exact shape of the contrast transfer function 
(CTF) of the microscope.36 A Fourier back trans- 
formation of the modified amplitude distribution 
Q(u, v) leads to the amplitude and intensity distri- 
bution in the image plane of the objective plane. 
Owing to the strong modifications caused by the 
CTF the amplitude and plane distribution in the 
image plane can be dramatically altered compared 
to the wave field leaving the specimen. 

Quantitative interpretation of a HRTEM micro- 
graph of the perfect specimen as well as of a speci- 
men containing a lattice defect (such as an interface) 

Quantitative HREM 
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Mjjt of the LMhMent 
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Imaae Simulation 
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I 

Fig. 8. A flow chart for quantitative high-resolution transmission 
electron microscopy (QHRTEM). 

requires two independent steps (Fig. 8). Firstly, 
experimental micrographs have to be taken under 
well defined imaging conditions and the electron 
microscope has to be aligned and the contrast 
transfer function (CTF) has to be determined.41 
The interpretation of the micrographs requires the 
knowledge of the exact thickness of the specimen. 
This is usually done by comparing the experimental 
micrographs (taken under different focus values) 
with simulated images (for different thicknesses 
and defocus values). A quantitative comparison 
results in both values, the thickness and the defo- 
cus distance AJ Often it is helpful to reduce the 
noise on the micrograph. This can best be done by 
an adaptive Fourier filtering technique.42 

The second step covers the quantitative analysis 
of the nature and position of atomic columns at or 
near the defect such as an MCI. The analysis 
requires that a series of micrographs is taken under 
different, well defined defocus values. The experi- 
mental micrographs have to be compared to simu- 
lated image. For the simulated images a model 
configuration of the atomistic structure of the crys- 
tal (including the lattice defect) has to be assumed. 

The simulated images have to be compared to 
experimental micrographs. So far most authors 
made the comparison with a visual inspection. 
The experimental micrograph and the simulated 
image are shown side by side. Sometimes, the 
mounting of an inlet of the simulated image into 
an experimental micrograph should demonstrate 
the ‘good agreement’. This evaluation is, however, 
not quantitative. The accuracy of critical parame- 
ters (volume increase at an interface, positions of 
atomic columns at or near defect) cannot be deter- 
mined objectively. 

Recently, techniques for a quantitative evalua- 
tion of HRTEM micrographs have been devel- 
oped. 43,44 These techniques use advanced image 
processing techniques for the evaluation of 
HRTEM micrographs. Firstly, the experimental 
micrograph is noise reduced.42 Then the experi- 
mental micrograph as well as the simulated image 
are stored in a computer pixel by pixel (usually 
1024 X 1024 pixels). After aligning and bringing 
both images to the same magnification, the two 
images are subtracted from each other. If there 
would be full agreement between the experimental 
micrograph and the simulated image, then the 
sum of intensity differences in corresponding pix- 
els would be zero. This is usually not the case. 
There exists always a residual intensity (difference 
intensity). It is essential that this difference inten- 
sity does not contain any structural information 
and consists completely of noise. If the residual 
intensity of the difference image is significantly 
different from zero, then the positions of columns 
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in the atomistic model are varied, an image is sim- 
ulated and the difference image is formed again by 
subtracting the modified simulated image from the 
experimental micrograph. This procedure is contin- 
ued until best agreement between the experimental 
micrograph and simulated image is reached.43,M 

There exists different measures of agreement 
between two micrographs. The normalized Euclid- 
ian distance (NED) is an excellent measure for 
comparing two images. NED is defined ‘as 

dx (1101) - G&1* 
NED = 

IkGwwF 

(2) 

P P 

where the summations contain the intensities I of 
the pixels labelled p. The subscript 1 corresponds 
to the experimental micrograph and the subscript 
2 to the simulated image. Best agreement is 
reached when the NED is as small as possible 
(ideally equal to zero). Information on the accu- 
racy can be obtained from the value of NED.44 
This technique was applied for the determination 
of the structure of unknown materials as well as 
of the structure of grain boundaries and MCIs. 
The procedure requires a lot of computer time. 

5 Analytical Electron Microscopy 

When an electron beam passes through a speci- 
men there exists always a nonvanishing cross-sec- 
tion for inelastic scattering processes which leads 
to an energy distribution of the electrons passing 
through the specimen. The energy losses can be 
subdivided into the zero-loss region O(< AE < eV), 
plasmon region (AE < 100 eV) and core-loss 
region. From the different regions one can get 
information on the chemistry and bonding of the 
specimen. 33,34 Plasmon losses result from the col- 
lective excitation of electrons, whereas the core- 
loss regions (edges) result from energy losses 
caused by the excitation of electrons from inner 
shells. The minimum energy required to eject an 
electron from an inner shell is specific for every 
element. Therefore, this energy can be used for a 
characterization of elements present in the speci- 
men. Techniques exist for the quantification of the 
data.32-34 In addition, the fine structure of edges 
(ELNES) allows the determination of the bonding 
and distances to nearest neighbour atoms.34 

6 Case Study 1: Structure of Nb/Al,O, Interface 

The interface between Nb and sapphire serves as a 
model system for MCIs since both constituents 

are representative materials: Nb as a bee metal 
and A&O3 as a technologically important ceramic. 
Since Al and 0 are highly soluble in Nb, no reac- 
tion products form at the interface. Thermal 
stresses can be neglected because the thermal 
expansion coefficients of Nb and sapphire are 
about the same. 

The accommodation of the lattice mismatch 
between a thin film and its substrate is an important 
concern in thin film technology. The lattice mis- 
match can be compensated by straining the lattice 
of the film or by misfit dislocations. Straining the 
epilayer leads to coherent interfaces, whereas the 
presence of misfit dislocations leads to semicoher- 
ent interfaces. At semicoherent interfaces, coher- 
ent regions exist between the. misfit dislocations. 
The atomistic structure of the coherent regions 
and the misfit dislocations were studied by quanti- 
tative HRTEM. Additional information on bond- 
ing at the interface can be obtained by ELNES 
studies (see Section 6.3). 

6.1 Experimental details and results 
The Nb layers were grown in a MBE growth 
chamber as described elsewhere.46,2’,23,24 During 
the growth of the Nb films the substrate was 
heated to 1123 K and a vacuum of 10e6 Pa was 
maintained. A typical growth rate was 1 mono- 
layer/s. The film thicknesses ranged from 12 to 
100 nm. Most HRTEM studies were performed at 
a JEOL 4000 EX with a point resolution of 0.17 
nm. Some studies were performed at the Berkeley 
ARM2’ and the Stuttgart ARM.23 

X-ray and electron diffraction revealed that a 
unique orientation relationship exists between the 
Nb and the Al203 lattices for all investigated 
interfaces. The orientation relationship can be 
described by the following sets of parallel directions 
in-the two crystals: [OOOl], 1) [ll l],, and [2iiO]s 1) 
[l lo],, (S = sapphire). The lattice planes in the Nb 
and sapphire lattice, which are parallel to the 
interface, are thus given by the orientation rela- 
tionship and t_he chosen_ substrate surfac_e: (OOOl), 

II 0-1 l)Nb, (0110)s II (WNby (211% II (1 WNb and 
(011 2)s II (0 0 1htY The different interfaces are 
referred to as system 1, system 2, system 3 and sys- 
tem 4, respectively, in the following text. 

6.2 Atomistic structure of the coherent regions 
The quantitative evaluation of the HRTEM micro- 
graphs of the interfaces shows that the atomistic 
structure in the coherent regions of all four inter- 
faces can be described by the same building prin- 
ciple. Two simple rules characterize the building 
principle for these interfaces. As an example, the 
evaluation of a HRTEM micrograph of the inter- 
face of system 1 is described. Figure 9(a) shows a 
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Table 1. Structure of Nb/AI,O, interface - results by quantitative 
HREM 

Fig. 9. HRTEM micrograph of the Nb/A120, interface. (a) 
Experimental micrograph, I,. (b) Simulated image based on 
the interface shown in Fig. 10(a), I,. (c) Difference image D = 
II, - I,/. The positions of columns of atoms (ions) can be 
determined quantitatively. Summary of results, see Table 1. 

HRTEM micrograph of the interface of system 1 
taken along the [2]]0], and [I IO],, directions. The 
intensity distribution on the micrograph is given 
by Z(x, y),, where x and y are the coordinates of 
pixels on the experimental micrograph. Figure 
9(b) represents a simulated image of the interface 
model of Fig. 10(a). The corresponding calculated 
intensity distribution is given by Z(x, y),. Figure 
9(c) contains the difference image D = ]Z, - ZJ. The 
sum of the intensities in all pixels in D is mini- 
mized by the procedure described in Section 4 
(eqn (2)). The experimentally determined structure 
is shown in Fig. 10(a) and the determined parame- 
ters are summarized in Table 1. 

All Nb atoms at this interface occupy Al lattice 
sites. The translation vector T (Fig. 10) is thus a 
lattice vector of the sapphire lattice. The Nb 
atoms at the interface of all other systems also 
continue the Al lattice of the sapphire. This leads 
to the first rule, which states that a maximum of 
Al lattice sites is occupied by Nb atoms. This rule 

O:Nb 

b) 

Fig. 10. (a) Nb/AlZ03 interface model which results in the 
best agreement between simulated image and experimental 
micrograph. (b) Interface model with the Nb lattice in a twin 

orientation with respect to the Nb lattice of Fig. 10(a). 

Translation state (perfect Nb 
to perfect A&O,) 

. * 
Terminating layer of A&O, 
Relaxation of first Nb layer 
Relaxation of other Nb layer i 
Kink in Nb lattice 

T = (-0.1 ,&l) A, ?O. 1 A 

Oxygen 
R, = (-0.2,&l) A, ti.1 A 
R, = (O.O)& fl.1 A 
No 

is confirmed by the coincidence of the morpholog- 
ical unit cell of sapphire,47 which is rhombohedral 
(a = 85.7”, a = 0.35 nm) and constructed by con- 
necting Al lattice sites, and the bee unit cell of Nb 
(a = 0.33 nm).24 If only the position of the Nb 
atoms of the first layer were determined, then 
twins should occur in the Nb lattice of system 1 
and 2. These twins have never been observed. Fig- 
ure 10(b) shows an interface model for system 1 
with the Nb lattice in a twin orientation with 
respect to the Nb lattice as shown in Fig. 9 and 
Fig. 10(a). Thus the position of the Nb atoms in 
the second layer must be fixed. The second rule 
states that the Nb atoms of the second layer 
occupy positions, which are close to the Al lattice 
sites of a continued Al lattice of the sapphire. The 
second rule also explains the rotation of the Nb 
lattice of system 4 in a specific direction.24 It is 
interesting that so far the theoretically predicted 
kink in the second Nb layer (see Fig. 3) cannot be 
observed experimentally by HRTEM. Further the- 
oretical and experimental studies have to be per- 
formed. 

A quantitative evaluation of the HRTEM micro- 
graphs does not reveal unequivocally the nature of 
the terminating plane of sapphire. The terminating 
layer could either be composed of Al or Nb. Both 
would agree with the HRTEM micrograph anal- 
ysed so far. As will be shown in the next section, 
ELNES studies support the model with an oxygen 
terminating layer. 

6.3 Electron energy loss near edge structures 
(ELNES) studies 
ELNES studies of characteristic edges have been 
performed4’ for the energy losses close to an 
energy edge. Using a dedicated scanning transmis- 
sion electron microscope (STEM) Bruley et a1.48 
record EELS spectra at high spatial resolution. A 
spectrum of a ‘box’ with a size of 3 X 4 nm* is 
taken from areas including the interfaces and then 
a spectrum is taken from pure Nb and sapphire. It 
is assumed that the signal of the total spectrum 
Z,(AE) which, taken from the area which includes 
the interface, is linearly composed of components 
resulting from the two crystals adjacent to the 
interface (ZNb and I,, respectively) and from the 
interface area itself, Zi. 
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The interface-specific component of the ELNES 
was obtained by using the spatial difference tech- 
nique as described in Section 6.3.48 For this 
method three spectra were acquired, one from a 
region containing the interface and two in the 
adjacent bulk materials. The interface spectrum 
contained not only the signal from the interfacial 
atoms but also contributions from the surround- 
ing bulk materials. The extraction of the inter- 
facial ELNES requires the removal of the contri- 
butions from the bulk materials. The reference 
spectra taken in the bulk materials were scaled 
and then subtracted from the interface spectrum. 
The remaining difference spectrum represents the 
ELNES arising from the interfacial atoms with an 
environment or oxidation state different from 
both bulk materials. The scaling of the reference 
spectra is necessary because different numbers of 
bulk atoms are irradiated during the acquisition of 
the interface and reference spectra respectively. 
The scaling factors were determined by trial and 
error applying the following guidelines: Selection 
of an energy-loss region containing strong and 
characteristic features for the bulk materials and 
minimizing these contributions in the difference 
spectrum. In the case that a chemical shift occurs, 
the intensity directly above the edge onset is elimi- 
nated. Care was taken that the subtraction of the 
reference spectra did not lead to negative intensi- 
ties which are physically not allowed. 

The quantities a, b, c are constants which have 
to determined from reference spectra.48 The O-K- 
edge and the Nb-M-edge were studied. (Fig. 11) It 
could be concluded that the interface term Z’ con- 

Nloblm M edge Oxygen K edge 

I.. .,.. . . 
160200260260260400464 600 520 640 660 660 600 

Energy loss (eV) 
(a) 

Energy loss (ev) 
(W 

Fig. 11. Energy loss near edge structure (ELNES) of the regions 
at or close to the NWA1203 interface. (a) O-K-edge. The diff- 
erent spectra are recorded at various locations across the 
interface. A reference spectra for NbO, and Nb is shown. The 
little peak visible at the spectrum taken from the interface 
region is indicative of Nb3’. Nb must form the terminating 
layer. (b) A&O,, L-edge. There exist no difference the.ELNES 
of the interface and bulk A indicating that Al atoms ‘feel’ always 

the same environment. Al does not terminate the sapphire. 

tains a signal which must result from Nb being in 
an oxidized state (Nb3’) whereas Al exists only 
with A13+ configuration. Those investigations sug- 
gest that sapphire is terminated by an oxygen layer 
and the first Nb layer (of the Nb crystal) consists 
of oxidized Nb. Those observations are in agree- 
ment with the results of ab initio calculations.‘8-20 

6.4 Misfit dislocations at the interface 
The Burgers vector of the misfit dislocations are 
determined by a Burgers circuit in the HRTEM 
micrograph. An example for a Burgers circuit 
around a misfit dislocation of system 4 is shown in 
Fig. 12. The Burgers circuit results in a Burgers 
vector of l/2 [ll]]. The edge component l/2 [llO] 
is parallel to the interface and accommodates the 
lattice mismatch. The edge component l/2 [OO]] is 
perpendicular to the interface and causes the 
rotation of the Nb lattice. Due to the rotation of 
the Nb lattice, the (OOl),, planes are not parallel 
to the (0112)s interface plane. Table 2 summarizes 
the experimental results for all systems.23*27 Burg- 
ers vector components, which do not accommo- 
date any lattice mismatch, are in general 
compensated in these networks. In the network of 
system 2 and 4, these components are compen- 
sated by an alternating sequence of misfit disloca- 
tions with the same line direction but different 
Burgers vectors. Only the l/2 [OO]] Burgers vector 
component of the misfit dislocations of system 4 
with line direction [ 1 ]O] is not compensated. In the 
network of system 1, the edge component bperp 
perpendicular to the interface of one array of dis- 
locations is compensated by the bperp component 
of the second array. 

The Burgers vector of the misfit dislocations has 
been determined with HRTEM due to the small 
average distance d,, between the misfit disloca- 
tions. If dMD is smaller than 113 of the extinction 

Fig. 12. HRTEM micrograph of a misfit dislocation at the 
Nb/A&O, interface of system 4. A Burgers circuit is marked 
around a misfit dislocation. The micrograph is not yet evaluated 

quantitatively. 
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Table 2. Summary of the dislocation networks 

System Line direction Burgers vector Edge dislocation Geometry d MD 

System 1 
(0001) II (111) 
Sys_tem 2 
(0110) 11 (112) 

Sy_s_tem 3 
(2110) 11 (lie) 
Sysjem 4 

(0112) II (001) 

t, = [lie] 
t2 = [oli] 
6, = [lie] 
52 = 11111 

5, = [lli] 
52 = [1121 
8, = [lie] 
52 = 11101 

f 
+ 
+ 

rhombic 

rectangular 

21 nm 
21 nm 

2.4 nm 
12.1 nm 

rectangular 

14 nm 
2.5 nm 
2.1 nm 

12.1 nm 

distance &, then it is impossible to distinguish 
between the contrast of a dislocation network and 
a moire pattern.49 The extinction distance flllO] 
for Nb is 26 nm. 

7 Case Study 2: The Copper/Sapphire Interface 

7.1 The structure of the Cu/AI,O, interface 
Cu films were deposited on Al,O, substrates in a 
MBE machine. During the growth of the crystal 
reflection high energy electron diffraction patterns 
could be observed. It was quite interesting that at 
a growth temperature of 473 K only a ring pattern 
could be revealed (with reflection from { 1 1 1 }, 
(2001, {220}, (311) and (422) Cu planes). After 
depositing a certain thickness of Cu the crystallites 
reorient and form a single crystalline film. The 
diffraction ring pattern remains unchanged up to 
an effective film thickness of about 10 nm. But for 
thicknesses beyond 10 nm the RHEED pattern 
develops sharp diffraction streaks characteristic of 
single crystal films. The close packed planes and 
the close-packed directions in the two crystals are 
parallel: 

(111ku II WO1)s and <llO>,. )I [lOiO]s (4) 

Edge-on bright field imaging of the Cu/AI,O, 
interface reveals a sharp transition between the 
sapphire substrate and the Cu layer. No chemical 
reaction on interdiffusion has occurred at the 
interface during crystal growth. Theoretical calcu- 
lations14 indicate that Cu bonds to surface oxygen 
atoms (ions) of sapphire. The approximate 7% 
difference between the corresponding spacing of 
the adjacent lattices raises the question of coher- 
ence at the Cu/A1,03 interface. 

Either the lattice strain of the film is relaxed by 
a network of misfit dislocations, or contact of the 
two phases does not introduce any lattice strain. 
For the case of a semicoherent interface, two diff- 
erent hexagonal misfit dislocation networks are 
possible. 5o One network consists of 60” disloca- 
tions with <I lo>,, line vectors which should be 

observable end-on in a HRTEM lattice image 
such as Fig. 13. This HRTEM micrograph of the 
Cu/Al,O, interface was obtained with the incident 
beam parallel to [10iO]A1203 and < 1 10>c,, respec- 
tively. The dominant periodicity of sapphire in the 
lattice image corresponds to the spacing of (2110) 
Al,O, and (0003)A1,03 planes. The (0003)Al,O, 
planes are parallel to the { ]lO}Cu planes. Since 
the copper lattice is slightly twisted about [il l]Cu, 
the contribution of the { 111 >Cu planes is weak 
whereas (002)Cu planes are dominant. The experi- 
mental image does not reveal localized misfit dis- 
locations, thus the less likely case of a 60” misfit 
dislocation network is excluded. 

The other possible misfit dislocation network 
has edge type dislocations with a &2 ~1 lo>,, 
Burgers vectors and line vectors along ~21 l>cU 
directions. Thus a network will be visible by imag- 
ing the Cu/Al,O, interface edge-on the [21 l]Cu 
direction. In order to resolve the (220}cU planes 
with a lattice spacing of 1.28 A, the experimental 
image shown in Fig. 13 was obtained on the 
Stuttgart-ARM. 39 The resolved (022),, planes do 
not reveal any trace of strain fields caused by the 
proposed dislocation network. Additionally, no 
periodicity between the terminating copper and 
sapphire planes is found. Therefore, the investi- 
gated Cu/AI,O, interfaces can be described by a 
rigid lattice model possessing an incoherent inter- 
face. The weak adhesion of copper on sapphire 
based on non-covalent bonding14 and also the 
absence of localized misfit dislocations for internally 
oxidized copper/alumina interfaces,50 agrees well 
with the results of these investigations.5* 

7.2 Energy loss spectroscopy at the Cu/AI,O, interface 
Each absorption edge in EELS is associated with 
an energy-loss near-edge structure (ELNES) which 
contains information on bonding and electronic 
structure.34 Different oxidation states of metals 
can be distinguished either by a change in the 
energy onset of a particular edge (a so called 
chemical shift) and/or by a change in the shape of 
the ELNES. The latter is also sensitive to the local 
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Fig. 13. (a) HRTEM micrograph of the Cu/Al,O, interface. (ARM Stuttgart). The (022) planes of Cu can readily be seen (0.12 
nm distance). A detailed analysis revealed that a fixed orientation relationship exists between Cu and Al,03. The interface is, 
however. incoherent. (b) Simulated microgranh assuming the atomistic model of Fie. 13(d). (c) Difference image D = IL - Z.I. 

(d) Model used ?or’image shown in Fig. 13(b) (G. Dehm, unpubhshed’work). 

coordination of the atomic species. In this section, 
results on ELNES of Cu/Al,O, interfaces are 
reported. The same specimens as for the structural 
studies were used. 

The measurements were carried out with a VG 
HB 501 dedicated STEM spectrometer (Gatan 666 
PEELS) as described in Section 6.3. Scanning the 
beam enables simultaneous imaging of the inter- 
face and allows a manual correction of specimen 
drift. All spectra were corrected for dark current 
and readout-pattern of the parallel detector. The 
pre-edge background was extrapolated by a power 
law A X E’ 33 and subtracted from the original data. 

The interface-specific component of the ELNES 
was obtained by using the spatial difference tech- 
nique as described in Section 6.3.48 For this 
method three spectra were acquired, one from a 
region containing the interface and two in the 
adjacent bulk materials. The interface spectrum 
contains not only the signal from the interfacial 
atoms but also contributions from the surround- 
ing bulk materials. The extraction of the inter- 
facial ELNES requires the removal of the contri- 
butions from the bulk materials. The reference 
spectra taken in the bulk materials were scaled 

and then subtracted from the interfaces spectrum. 
The remaining difference spectrum represents the 
ELNES arising from the interfacial atoms with an 
environment or oxidation state different from 
both bulk materials. The scaling of the reference 
spectra is necessary because different numbers of 
bulk atoms are irradiated during the acquisition of 
the interface and reference spectra respectively. 
The scaling factors were determined by trial and 
error applying the following guidelines: selection 
of an energy-loss region containing strong and 
characteristic features for the bulk materials and 
minimizing these contributions in the difference 
spectrum. In the case that a chemical shift occurs, 
the intensity directly above the edge onset is elimi- 
nated. Care was taken that the subtraction of the 
reference spectra did not lead to negative intensi- 
ties which are physically not allowed. 

The Cu-L,,, edge spectra recorded in the bulk 
copper and at the Cu/Al,O, interface are shown in 
Fig. 14. The spectrum taken in the bulk sapphire 
is omitted because there is only a smooth back- 
ground in this energy-loss region. Subtraction of 
the Cu-L,,3 edge spectrum of bulk copper from 
the interface spectrum yields a difference spectrum 
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14. ELNES studies at Cu/Al,Os interface. Cu-L,,, edge 
of (a) Cu; (b) the interface containing region; (c) the extracted 
difference spectrum; (d) CuzO and (e) CuO. The position and 
shape of the maximum in (c) is similar as in (d) suggesting that 

at the interface Cu’ exists. (C. Scheu, unpublished results). 

with an ELNES different from the pure metal 
(Fig. 14). The difference spectrum shows a shape 
similar to the reference spectra taken from 
cuprous oxide (Cu,O) and cupric oxide (CuO) 
(Fig. 14(d, e)). No chemical shift, typical for Cu*+, 
was observed, which indicates that Cu exists at the 
interface in a Cu’+ oxidation state. 

The ELNES of the Al-L,,, edge in bulk sap- 
phire (onset 78 eV) and the Cu-M2,3 edge in bulk 
copper (onset 74 eV) overlap. Therefore, the spec- 
trum measured at the interface contains contribu- 
tions from both bulk materials. The intensity of 
the calculated difference spectrum is zero within 
the detection limits set by noise. This indicates 
that the Al atoms are not involved in the bonding 
and that no noticeable change in the local coordi- 
nation of the Al atoms occurs. From the results of 
the Cu-L,,, edge one might expect a change of the 
Cu-M2,3 ELNES which was not observed. 

The results of the investigation of the Cu-L,,, 
and A-L,,, edge indicate an interaction between 
the Cu and the 0 atoms, whereas the Al atoms are 
not affected by the presence of the interface. This is 
supported by the existence of a difference spectrum 
at the O-K edge. The interface-specific component 
shows a slight downward shift of the edge onset 
and a broadening of the main peak at 540 eV 
compared to the O-K edge in the sapphire matrix. 

Using the basic formulae for the quantification 
of an EELS absorption edge33,34 

S = J,Nu (5) 

(S = characteristic inner-shell signal; J,, = total 
transmitted intensity; N = number of atoms per 

unit area, and (T = cross section) it is possible to 
obtain the number of atoms affected by the inter- 
face. The interfacial width is the region containing 
these interfacial atoms with a coordination or oxi- 
dation state different from both bulk materials. 
From the ratio of the signal of the difference spec- 
trum and the as-acquired interface spectrum both 
integrated over an energy-loss region of 30 eV 
above the edge onset a width of 0.36 + 0.04 nm is 
obtained (averaged over ten measurements in two 
different specimens). This corresponds to 1.6 
monolayers when compared to the 0.21 nm spac- 
ing of the Cu (111) planes which are parallel to 
the interface. 

The ELNES of the Cu-L,,,, O-K and A1-L2,3 
edge of the Cu/A1203 interface indicate bonding 
between copper and the oxygen sublattice of 
a-Al203 with a charge transfer from copper to 
oxygen. The oxidation state of copper at the inter- 
face is +l. The aluminium atoms do not alter their 
coordination compared to bulk (~-A&03. The 
results show that the investigation of the interfacial 
ELNES is a useful method to study the bonding 
and electronic structure of metal/ceramic interfaces. 

If segregated atoms exist at the MCIs interfaces 
they could be identified by AEM. For example, 
it is readily possible to determine segregation of 
components by EDS technique and EELS. The 
detection limit is in the order of 1. 
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